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ABSTRACT
Local thermodynamic control in Laser-Powder Bed Fusion (L-PBF) Additive Manufac-
turing (AM) provides the opportunity to exploit Process-Structure-Property (PSP) relation-
ships to drive local composition changes in certain materials. This is particularly useful for
Shape Memory Alloy (SMA) systems such as Nickel Titanium (NiTi or NiTiNOL), where
subtle processing changes have been shown to produce dramatic composition and transfor-
mation temperature changes. These characteristics, combined with the capability to produce
complex geometries, provide a platform for transforming the design process for materials uti-
lized in the medical and aerospace industries. To date, research on AM SMA’s has focused
on Ni50.8Ti49.2 (or lower Ni) compositions with challenges in processing, composition con-
trol, and functional performance that has limited commercial interest. Due to in-process
Ni-vaporization the resulting as-built compositions with this feedstock can be lower than
desired for medical device components. This work takes a different approach by beginning
with Nickel-rich (Ni51.5Ti48.5) powder feedstock with the intent to achieve compositions in
as-built parts near Ni50.8Ti49.2 via Ni-vaporization and post-process heat treatments, and
characterizes the process-structure-property relationships in as-built and heat-treated parts.
Through a systematic production strategy, the relationships between build parameters
and heat input metrics, geometry, defect formation mechanisms, and microstructural charac-
teristics are elucidated with recommendations for processing considerations which minimize
defects and maximize functional performance. It is found that embrittlement caused by
increased Ni-composition results in a higher susceptibility to thermal-stress induced peri-
odic cracking, which can be minimized either by increased heat input (e.g., Volumetric En-
ergy Density (VED)), decreased layer time, or a combination thereof which is geometrically
dependent. It is also found that residual effects of increased heat-input occur, including
overmelting, dislocation annihilation and transformation temperature changes affected by
iii
both Ni-vaporization and secondary phase formation, which are also geometrically depen-
dent. Further, an extensive post-processing heat treatment study is conducted to determine
direct-age and two-step age conditions which can produce elevated-temperature functional
compressive superelasticity. It is found that through preceding a 400oC 4h heat treatment
step with a 200oC 12h pre-age step to drive Ni-clustering, conditions can be achieved with
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The primary objective of this thesis is to understand and elevate the technological readi-
ness of additively manufactured shape memory alloys, to a point where commercial usability
is practical. This ambition is broad, and as a result there has been work done covering
many different areas of materials processing, post-processing, testing, and characterization.
While some of the underlying mechanisms of microstructural development have yet to be
fully elucidated, connections have been made that have yet to be addressed in previous
literature. Through developing a deeper understanding of why we have not yet seen com-
plex, shape-shifting, 3D printed shape memory alloy structures the real processing issues can
be addressed despite the 10 past years of research claiming the next breakthrough is right
around the corner.
Shape memory alloys are a unique class of material which exhibit solid-to-solid phase
transformation via applied stress and/or thermal changes. This can be leveraged in appli-
cation to produce thermally-activated actuation or constant applied stress for a range of
displacement. These characteristics make shape memory alloys such as Nickel Titanium
(NiTi, or NiTiNOL) desirable for use in the medical and aerospace industries for applica-
tions ranging from personalized implants and stents to shape-shifting aircraft wings and
deformation tolerant rover wheels. Since the discovery of NiTi in the 1950’s, challenges such
as machinability, composition control, characterization tools, and necessary post-processing
have limited practical usability. AM production has been investigated for several other com-
monly used alloy systems for similar reasons, with success and integration in commercial
supply chains. This work is the beginning of a paradigm shift for designing and manufac-
turing smart material structures with NiTi, and this work is primarily focused on defining a
process window for defect-free production and local composition control with AM machine
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parameters. In addition, an extensive heat treatment study is conducted demonstrating the
post-processing space necessary to achieve and improve on certain functional properties.
The structure of the thesis begins with an overview of additive manufacturing, shape
memory alloys, and additively manufactured shape memory alloys. Following, a framework
is developed explaining what AM-specific challenges exist for shape memory alloy material
systems. This framework is used to systematically address processing issues by referencing
similar challenges in comparable alloy systems, and achieve functional components through
innovative processing and post-processing techniques. The introductory sections are primar-
ily devoted to addressing what challenges face the current ‘state of the art’, such that some of
those challenges can be addressed. Following, the methodological approaches for addressing
these issues are explained. Finally, the resulting processing advancements are presented with
some conclusive explanations regarding the impact and what follows.
1.1 Additive Manufacturing
1.1.1 High Level Overview
Additive manufacturing (AM) is the term used to describe a disruptive technology which
has gained popularity and transformed engineering supply chains over the last half century.
The ability to add material where necessary rather than removing what is unnecessary has
fundamentally changed how design problems are approached and the material constraints
which existed previously. AM was aptly described by Wayne King as paving the way toward
the next industrial revolution, by producing a part from a digital model through layer by
layer deposition or ‘3D printing’ [1]. According to Wohlers Associates Inc., the ISO/ASTM
52900 standard for terminology defines AM as the ‘process of joining materials to make
parts from 3D model data, usually layer upon layer, as opposed to subtractive and forma-
tive manufacturing methodologies’ [2]. This definition actually encompasses a multitude of
transformative technologies which have emerged over the last half-century. Opportunities
range from the ability to fabricate intricate and complex geometries to local control of pro-
cessing conditions and thermal gradients which result in multi-functional components. The
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beginning of AM technological development was characterized largely by a focus on cheaper
and faster manufacturing tooling, but 30 years of development and an eruption of differ-
ent processes have seen other boundaries pushed across a variety of material systems and
applications.
1.1.2 Types of Processes
AM describes a large variety of processes which vary in type of material deposited,
material feedstock and supply, surface morphology, and melting/solidification mechanisms
present. According to the International Organization for Standardization (ISO) Committee
F42 on AM technologies, seven different classes of AM processes exist: Material Extru-
sion, Material Jetting, Binder Jetting, Powder Bed Fusion, Directed Energy Deposition, Vat
Photopolymerization, and Sheet Lamination[2]. For a high level overview of the different
methods for additive manufacturing, detailing the feedstock material, applications, advan-
tages, and disadvantages the reader is encouraged to reference the following review articles
[3–8].
Laser powder bed fusion is the most common process for metal fabrication of struc-
tural components, and is used across a variety of industries, but primarily by the aerospace
and medical sectors. Directed Energy Deposition (DED) contains several sub-categories of
processes, including Laser Engineered Net Shaping (LENS) and Electron Beam Additive
Manufacturing (EBAM). LENS processes are commonly used in alloy development applica-
tions for the unique capability to combine powder feedstock in-situ. In this process, metal
powder is injected in to a molten pool created using a laser beam (similar to L-PBF), and
is sometimes referred to by the monikers ’Direct Metal Deposition (DMD)’ and ’Laser Con-
solidation (LC)’. For surfacing/repair applications the LENS platform provides multi-axis
flexibility to deposit material on complex geometries, at the necessary expense of production
complexity/resolution capability. More detailed differences between these processes is pro-
vided in Table 1.1 which was adopted from a benchmark study between the two technologies
conducted by the AM machine production company Optomec in 2018 [9].
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Table 1.1: Feature differences between DED and L-PBF AM processes (as of 2018).
Part Complexity/Resolution DED L-PBF
Part Size Any Limited to < 1m3 [10]
Dimensional Tolerance ±1mm ±30µm
Average Layer Thickness 500µm 30 − 60µm
Powder Cost 30 - 160$/kg 100 - 600$/kg
Repair capability Highly capable Limited
Multi-material Highly capable Limited
For complex part geometries with small feature sizes, along with relatively high output
volume L-PBF is undoubtedly the best commercial option among AM platforms. This
capability of complexity is often marketed as one of the essential differentiators of AM, and
one that is changing a definition of optimization previously limited by SM processes. With
so many unique advantages but a relatively short heritage, assuring the viability of AM
technologies is necessary to continue seeing use propagate through supply chains.
1.1.3 Viability of Additive Manufacturing
As to be expected with such a transformative technology, there is still skepticism as to the
viability for AM to be used in functional applications [11], and as a result many of the research
efforts since inception have been dedicated to showing that AM can compete with traditional
manufacturing processes such as casting [12]. It has been demonstrated by many [13–16] that
the unique process-structure-property relationships for AM components can be leveraged to
produce parts which not only meet the expectations set by traditional manufacturing, but
far exceed functional performance that has been possible up to this point. AM technologies
have presented new technological limitations however, as rapid cooling rates and dynamic
environments have challenged our ability to validate functional physics-based-models with
data that can only be collected in-situ. AM presents a unique set of challenges for each
alloy system, and further these challenges are process-specific, requiring an understanding of
the physics at work for the specific process before addressing the processing challenges for a
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particular alloy system.
1.1.4 Ongoing Developments in Additive Manufacturing
It is worth mentioning that in-situ monitoring systems, more precise thermal control
and real-time feedback are undoubtedly the next integration step for AM manufacturers to
ensure quality and exploit the unique capabilities of their machines. Research in these areas
is currently of interest for temperature monitoring via pyrometry [17, 18], defect recognition
and mitigation via in-situ acoustic monitoring and machine vision camera analysis, and
model validation via in-situ x-ray diffraction experiments [19]. While this work may be on the
cusp of unlocking new capabilities for AM, currently much of the work is lower-throughput
with reiteration time limited by machine availability and supply costs. This low-throughput
nature challenges research organizations because while AM provides opportunity through
precise local processing control, there is in a sense ‘no free lunch’ in that this results in
enormous parameter spaces. To further understand the relationship between these process
parameters and what should be expected of the resulting structure, it is worth investigating
the parameters for one of these processes, Laser-Powder Bed Fusion, in detail.
1.2 Laser Powder Bed Fusion
1.2.1 Process Overview
In a Laser-Powder Bed Fusion (L-PBF) process, most typically a fiber laser is used as a
heat source directed on to a bed of metal or polymer powder, which with sufficient power
density melts the microscopic particles and welds them together [20, 21]. Typically D4σ
(second-moment) beam diameters used in this process are on the order of 60 − 120µm to
achieve adequate resolution in complex components [1], and metal powders used are in the
range of a 15 − 45µm particle size [22, 23]. After each layer is rastered by the laser, new
layers of metal powder are subsequently spread using a recoater blade made of tool steel,
or brushes made of carbon fiber [24]. Each deposited layer is on the order of 20 − 100µm
[25], although melt pool depths on the order of 3-4 times the layer thickness can be reached
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depending on the alloy system to achieve sufficient interlaminar adhesion [26]. A diagram of
this process is shown in Figure 1.1:
Figure 1.1: Diagram of a typical Laser-Powder Bed Fusion process showing process param-
eters of power, scan velocity, hatch spacing, layer thickness, and beam diameter.
1.2.2 Parameter space and processing metrics
A multitude of machine parameters are available to users which can be adjusted de-
pending on the material, geometry, and desired properties. The most commonly adjusted
parameters across platforms are effective laser power measured in watts (W), laser scan veloc-
ity measured in millimeters per second (mm/s), and hatch spacing measured in millimeters
or microns (mm or µm. Combined, these parameters affect the local heat input to the
metal powder which has been reported as ‘Energy Density’ or ’Volumetric Energy Density
(VED)’ and has units of Joules per millimeter cubed (J/mm3). The VED, which has taken
several forms in laser welding and AM literature [27–29] is comprehensively formed through
the following relationship as reported by Haberland et. Al. [30–32], which in addition to
accounting for the three parameters listed above is capable of accounting for relative density
of the powder bed, laser beam diameter assuming a Gaussian profile, layer thickness, and




ρr · db · dl · vs
for ∆h ≥ dt (1.1)
ωV =
Peff







for ∆h ≥ dt (1.2)
Table 1.2: Volumetric energy density parameters
Where ωV is volumetric energy density (J/mm
3)
Peff is Effective laser power, measured on powder bed (W )
ρr is the Relative density of the powder bed (a.u.)
db is Laser Beam Diameter (mm)
dl is Powder bed layer thickness (mm)
dt is Scan track width (mm)
vs is Scanning velocity (mm/s)
∆h is Hatch distance (mm)
While VED has become an industry standard for reporting comparative processing condi-
tions, there exists doubt within the additive manufacturing community whether it is a viable
metric for comparing materials synthesis. In experiments conducted by Ma et. al., different
performance metrics were measured for specimens produced at constant VED and various
power/scan speed/hatch spacing and differences in the true stress as large as 300 MPa were
reported for an Al-12Si alloy system [33]. Their research concluded that relative density
increases as both the laser power and the scan speed is increased, postulating that slower
speed may result in more substantial vapor depression instability which leads to increased
keyhole porosity at the same VED. A different conclusion was reached by Bey Vrancken in
a comprehensive dissertation studying residual stresses in AM in a case study for an M2
HSS system, where it is reported that periodic cracking in cubic samples is reduced at lower
scan velocities for the same laser power, since this lower scan speed increases the retained
austenite at room temperature, but at the expense of carbide formation and embrittlement
[20]. On the other end of the spectrum, this study also reported that more extreme scan
velocities result in melt pool variations which are a proxy for Plateau-Rayleigh instabilities
which lead to another defect mechanism called balling. While the discrepancies in these
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studies are likely a result of the differences between alloy systems, both are a testament to
the sensitivity of relative Volumetric Energy Density to individual processing conditions.
Another similar parameter that has been reported as a metric for heat input by Rubenchik
et. al. is a dimensionless parameter called normalized enthalpy and is a function of laser
power, scan speed, beam size, and material parameters such as in-situ absorptivity, specific
heat capacity, melting temperature, and thermal diffusivity. In recent work by Martin et.
al., the parameter was used as a metric for revealing vapor depression depth correlation
and resulting porosity defects with an increase in enthalpic input [19]. Currently in-situ
absorptivity measurements are not commonly obtained in commercial platforms, but initial
experimental work has shown much more reliable correlation between performance metrics
and this parameter compared to VED. The parameter is provided below, with variables













∆H is the specific enthalpy (J/kg)
hs is the enthalpy at melting (J/kg)
A is the absorptivity of the material (assumed to be 0.6)
P is laser power (W )
ρ is the density of the material (g/cm3)
C is the specific heat capacity (Jg−1K−1)
Tm is the melting temperature (K)
D is the thermal diffusivity of the molten metal (cm2s−1)
u is the laser scan velocity (mm/s)
a is the 1
e
laser beam radius, where a = σ
√
2
While these parameters are relatively straightforward and consistent across different ma-
chine platforms, metal AM machine manufacturers have capitalized on developing additional
parameters suiting unique alloy systems or offering more user control over part quality and
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thermal distribution. Common additional parameters manufacturers are interested in in-
clude mechanisms for decreasing the thermal gradient (and therein the cooling rate) of parts
during solidification by providing an additional heat source to the laser. For instance, accord-
ing to the 2020 Wohler’s report, two of the most popular laser-powder bed fusion machines
used by commercial manufacturers are the EOS M290 and 3D Systems ProX DMP 300 [4].
These machines are very similar in that they both use high power Ytterbium fiber lasers
with 100 micron beam diameters, that are navigated using precision optical systems con-
sisting of an f-theta lens, high speed scanner, and galvanometer [21, 34]. However, while
the EOS M290 offers the capability to pre-heat the build plate to 200◦C during the printing
process, the 3D Systems machine heats the entire build chamber to a similar temperature.
It has also been reported that while laser beam shape is typically reported as a standard
Gaussian profile, changing this to other shapes such as elliptical or Bessel profiles can af-
fect the solidification behavior. The effects of these specific procedural differences are not
entirely understood, but it is known that subtle changes in the processing can result in sub-
stantial microstructural and thermomechanical differences depending on the alloy system
[5, 8, 35]. Shi et al. demonstrated recently that grains could be controlled to become more
equiaxed by increasing the beam major axis elliptically, with secondary effects to the grain
size, solidification morphology, and crystallographic texture [36]. Changing these properties
can substantially affect and in some cases improve mechanical properties such as ductility
and strength, although these affects tend to be anisotropic for the large columnar grains
commonly seen in AM parts [16, 27, 37].
1.2.3 Process window and defect mechanisms in Laser-Powder Bed Fusion (L-
PBF) Additive Manufacturing (AM)
It is well understood that processing conditions can have detrimental affects on mechan-
ical performance as well, resulting from defect formation and large residual stresses in AM
parts [20]. This parameter space is often referred to in literature as a ‘process window’ [25],
in which the conditions of laser power, scan speed, and hatch spacing are reported in some
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alloy systems to take the form of Figure 1.2.
Figure 1.2: Diagram of an example 2D process map reported in AM used to describe a region
of parameter space corresponding to minimal defect influence on mechanical properties
While this visualization is convenient for publication purposes, it lacks the dimensionality
for describing exactly how different quality metrics vary across the extensive parameter
space. For each additional parameter, some corresponding visual difference also is required
to capture changes in behavior, but with the breadth of parameters which exist in AM this
quickly becomes visually overwhelming and typically to capture multidimensional process
behavior, several plots or extensive 3D plots are reported. A more comprehensive ‘example’
process map is shown in Figure 1.3, which is adapted from work done by Saunders et. al.
reporting that thinner layers can ‘widen’ the process window while preheating the build plate
can cause it to narrow.
Inhibitions to ‘quality’ manifest in several forms, but most commonly are characterized
as porosity, cracking, and impurities. Porosity may exist for several reasons, but is most
commonly observed through keyhole formation or lack of fusion as indicated on Figure 1.2.
As reported comprehensively by Martin et. al., high-energy keyhole porosity as it was ob-
served in Ti-6Al-4V is the result of surpassing the critical melt pool depth where effective
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Figure 1.3: Example of several 2D process maps used in an attempt to capture multidi-
mensional parameter effects on quality for parts produced via L-PBF, adapted from [38].
Note that while the rightmost graph indicates that heating the substrate reduces the oper-
ating/process window for a Ti-6Al-4V alloy system, Kempen et. al. and several others have
reported that preheating can reduce macroscopic cracking in ‘difficult to print’ alloy systems
[15, 20, 25, 39, 40]. In addition, Martin et. al. reported an insubstantial increase in vapor
depression depth leading to keyholing with substrate heating for a Ti–6Al–4V alloy system,
potentially indicating a case unique to the parameters utilized in the work by Beckett et. al.
absorptivity increases exponentially, locally superheating and causing instability which col-
lapses the melt pool, trapping inert shielding gas in the process [19]. A similar defect with a
lower-energy mechanism is called ‘lack of fusion’, and manifests when input energy is too low
in locations with unfavorable absorptivity for melting to occur, resulting in voids between
partially or totally unmelted particles [41]. Cracking can be one of the most significant defect
mechanisms present in poorly-parameterized AM processes, and may manifest as the result
of several unrelated mechanisms. The most macroscopic case of cracking observed is caused
by residual stress accumulation in L-PBF as demonstrated in a dissertation by Kempen [25],
where particularly in alloy systems which undergo phase transformation during solidification
(e.g., HSS M2 tool steel), internal stresses accumulated through progressive interlaminar
thermal expansion and contraction generate high stresses at part edges which propagate
inward.
Another more microscopic defect mechanism present frequently for Nickel-based superal-
loy systems is hot cracking, which is summarized by Carter and Attalah [42, 43] to contain
four sub-mechanisms distinguished as solidification cracking, liquation cracking, strain-age
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cracking, and ductility tip cracking. Understanding each of these mechanisms for various
alloy systems and effective mitigation strategies is currently a pertinent research area, and
for more information the reader is encouraged to reference one of the following sources
[12, 20, 44–47]. In work by Kempen demonstrating a residual stress-induced crack formation
mechanism for HSS M2 tool steel, it is reported that high internal stresses are partially
created by carbide phases being trapped in the BCC crystal structure during fabrication, a
defect mechanism separately classified as impurities but which is known to augment residual
stress crack formation [25]. These impurities can exist in several forms, and although some
are specific to many-constituent-alloy systems, phases that form as the resulting introduc-
tion of oxygen and carbon are known to increase hardness, limit ductility, and in some cases
cause poor mechanical performance. Commercially available L-PBF machines attempt to
reduce this contamination through use of a commercially pure argon environment monitored
to below 1000ppm oxygen[21]. In these systems, argon is flowed through the chamber akin
to a shielding gas in traditional GMAW or MIG/MAG processes [48]. While this precaution
addresses the impurities which would otherwise be introduced externally during the printing
process, feedstock purity also is known to play a role in resulting part quality. These effects
can be further understood by looking at the typical pre-processing procedures for powder
feedstock.
1.3 Pre-processing procedures for powder-based Additive Manufacturing (AM)
1.3.1 Pre-processing Overview
Prior to introduction to a machine, the feedstock used in powder-based additive man-
ufacturing can go through several processes which vary in cost, quality, powder size, and
compatible alloy systems. At a high level, these processes all take a bulk metallic feedstock
and utilize different methods to turn the bulk in to a powder. These processes include Water
atomization, Electrode Induction Melting Gas Atomization (EIGA) or traditional gas atom-
ization, plasma atomization, plasma rotating electrode process, and centrifugal atomization
[49]. Table 1.4 includes a high level overview of each of these manufacturing processes with
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resulting particle sizes, advantages and disadvantages, and common material usages. It is
worth mentioning that while the particle size distributions achieved by these processes may
be large (0-500 microns), typically powers are sieved to a size distribution depending on the
AM process, i.e., 15-45 microns for a L-PBF process.
Table 1.4: Additive manufacturing powder production methods detailing differences in par-
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1.3.2 Process control effects on powder chemistry
Gas atomization and EIGA have been adopted as the preferred methods for commercial
AM manufacturers based on the balance between cost, quality, and flexibility for different
material systems [4]. Quality in this sense is determined by powder purity prior to intro-
duction to a machine, typically in an attempt to avoid adverse affects from oxide or carbide
inclusions which can form. Carbide inclusions are typically only an issue for GA processes,
as graphite containment crucibles are used as a powder cache. For certain alloy systems this
can aid in brittle carbide phases to form while printing, and poor mechanical properties as a
result [51, 52]. EIGA was conceived as an alternative to this process for certain alloy systems
with more stringent contaminant regulations in places like the medical industry [53], where
instead commercially pure metal crucibles are used which minimize carbide pickup during
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atomization. A schematic of this process detailing the different elements in an atomization
process is shown in Figure 1.4:
Figure 1.4: Diagram depicting an EIGA process in which powders are produced from cast
electrodes, which are fed in to an induction melter in to an enclosed volume. As the model
metal is pushed through, inert gas is sprayed at the model stream which atomizes the liquid
metal in to solid metal powder particles. [49, 51]
Unfortunately, AM powders are also plagued by oxide pickup following atomization,
which can occur when the powder is exposed to atmospheric conditions. The effects for
processing are similar (i.e., can result in formation of brittle oxide phases) albeit more difficult
to address from a processing perspective. The instant that powder is removed from vacuum or
inert gas following atomization, that powder is exposed to some amount of oxygen and many
materials form thin oxide phases on the powder surface. This is a difficult problem to address
on the level of commercial scalability because it’s often impractical to design complicated
and costly vacuum or inert gas-sealed systems throughout the entire containment, sieving,
and transport process for the powder which would only further add to the already expensive
cost associated with AM. Furthermore, once the powder is delivered to the manufacturer,
each machine has a different loading/powder containment procedure and in many cases it is
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inevitable that the metal powder is exposed to air/oxygen at some point. The oxide pickup
which does occur has been demonstrated to be primarily present on the surface, following
atomization. While avoiding oxide pickup entirely is not necessarily practical, the amount
of oxide pickup is known to be an effect of the surface area to volume ratio for different size













For surface captured oxide formation, the concentration is limited by a 3/r dependence
where increasing r causes the relative oxide concentration to increase compared to the bulk
material. Naturally, it follows that larger powder sizes would be recommended as better
quality candidates for materials especially prone to poor mechanical performance from ox-
ide phases, however the powder sizes which can be accommodated are machine and process
specific. For a L-PBF process, the majority of systems use a 15-45 micron powder size
distribution, while EBM technology makes use of 45-105 micron powders [4]. An area of
research briefly considered in this work and proposed for future investigation is the promise
of a metal powder ‘cleaning’ system which could be used to reduce oxide contamination for
sensitive alloy systems. A proposed schematic of a process through which this could po-
tentially be achieved, by utilizing the reaction between synthesis gas and surface oxide, is
demonstrated in Appendix A.4. As was discussed in the last section, material considerations
are important in understanding the process-structure-property relationships and process-
ability for particular alloy systems. The particular material system of interest to this work,
Ni-rich Nickel-Titanium, is discussed in the following section to provide background on the
transformation behavior, chemistry, and morphologies which are essential in understanding
the processability of NiTi via L-PBF AM.
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There has been substantial research on the topic of mixing powder feedstock versus
prealloying. It is well known that for unique alloy systems (such as NiTi), prealloying
powders can be more expensive because powder manufacturers typically do not regularly
supply ‘non-commercial’ alloy compositions. In a 2013 Master’s thesis by Rodney Clayton,
an extensive investigation was made on this very subject [54]. In this investigation for three
alloy systems (SS316, SS430, and Ti-6Al-4V), composition and metallographic analysis of
feedstock and resulting mechanical properties for as-printed parts resulted in large differences
in porosity and hardness (favoring the prealloyed powders) for the SS430 and Ti-6Al-4V alloy
systems, while SS316 remained relatively constant. In addition, cooling rates for the different
systems were tracked and prealloyed powders exhibited substantially higher cooling rates,
leading to a more refined grain size.
1.4 Nickel-Titanium (NiTi) based Shape Memory Alloys (SMA’s)
1.4.1 Phase transformation behaviors and relevant applications
Shape Memory Alloys (SMA’s) are a unique material due to the capability to undergo
a solid-to-solid phase transformation that can be used in a variety of applications across
industries such as aerospace and medical. The discovery of the ‘shape memory effect’ in
Nickel Titanium (NiTi) took place by Buehler in 1961, at the U.S. Naval Ordnance Labora-
tory (NOL) [55], following decades of observance in other material systems, with a unique
story that is well detailed in a dissertation by Adharapurapu [56]. This phase transformation
is either stress or temperature induced, and the applications in which the behavior can be
leveraged is dependent on the initial and final stress and temperature states of the material,
in addition to the processing which was used in production. According to Otsuka and Ren,
diffusionless/martensitic transformation is most commonly exploited as it can lead to unique
properties for the material [57]. The most common behaviors leveraged are shape memory
actuation, free-recovery, and superelasticity. In an actuation application (i.e., shape mem-
ory) typically the material starts at lower temperatures with a self-accommodated (twinned)
monoclinic martensite crystal structure, which can be loaded to produce a deformed mon-
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oclinic martensite structure. After unloading, the material does not return to the original
geometry because of the strain held in the deformed martensite phase. When the material
is then heated, a phase transformation occurs producing a cubic austenite structure. This
phase transformation is known to propagate at the speed of sound in the material, and for a
more detailed overview on martensitic transformation the reader is encouraged to reference
Bhattacharya [58, 59]. Three of the different transformation possibilities are depicted in the
stress-strain-temperature diagram in Figure 1.5, with crystal structure unit cells adjacent
depicting the crystallographic changes which produce the phase transformation:
Figure 1.5: Stress-strain-temperature diagram depicting the different transformation be-
haviors for a NiTi SMA. The curve most forward and furthest to the left depicts typical
stress-strain behavior for a ductile material. Moving back and to the right, a Superelastic
loop is shown, demonstrating martensitic transformation at constant temperature due to
applied stress. The last curve demonstrates loading at low temperatures (below the trans-
formation temperature) to deform and produce a martensitic transformation, at which point
strain can be recovered through heating.
In Superelastic applications if the material is held above the austenite finish temperature
and loaded, a martensitic transformation is produced with recoverable strains on the order
of 20%. This unique property has been leveraged in a variety of applications ranging from
braces which don’t require tightening as frequently [55, 60], eyeglass frames which can bend
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and ‘spring’ back to their original shape, and stents which can be deployed as cardiovascular
implants to provide constant stress while the veins and arteries expand and contract [61].
More recently, this material made news headlines when it was leveraged by NASA Glenn
Research Center to ‘reinvent the wheel’ as an alternative to the fatigue cracked rover wheels
seen on the Curiosity vehicle [62]. This is depicted in Figure 1.6(b):
As an alloy system, NiTi offers application-specific advantages such as large amounts
of deformation or actuation force, excellent damping capacity, wear resistance, corrosion &
chemical resistance, all in a lightweight and compact platform. This unique capability comes
at the expense of complex control systems required, generally high-cost, and high cycle time
in part due to the current processing capabilities [63].
1.4.2 NiTi processing and manufacturing overview
Typically NiTi is processed using a Vacuum Induction Melting (VIM)/Vacuum Arc
Remelting (VAR) process, where electric current melts metal under vacuum and it is subse-
quently cast in to large ingots. The first (VIM) step is typically used to produce a combined
alloy system from constituent elements while the second (VAR) is used to achieve a ho-
mogeneous microstructure [56]. These ingots are large enough that Nickel segregation can
occur depending on the solidification rate, and as such they are often sectioned by chemical
composition and re-welded or melted to minimize variation which can have a large effect
on the transformation behavior. Following this step is primary metal working, where the
ingots are sliced, forged, and hot rolled to smaller cold-workable geometries. The secondary
metal working step is cold-working and forming, most typically to simple geometries like
wires, strips, bars, and sheets. Heat treatments follow, which bring out the unique proper-
ties of superelasticity, shape memory, etc. NiTi is typically reserved for use in these simple
geometries due to the difficulty to machine and achieve reliable transformation behavior
in complex shapes, although recently Nd:YAG laser machining has introduced the use of
complex, flexible, thin-featured stents to the medical industry [64, 65]. Machining via tra-
ditional subtractive processes such as CNC, mill, lathe, etc. are typically limited due to
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(a) Curiosity rover wheel exhibiting substantial cracking and defor-
mation.
(b) Next-generation nickel-titanium wire based rover wheels.
Figure 1.6: On the left, a 7000 series aluminum wheel on the Curiosity roving vehicle expe-
riencing fatigue cracking after nearly 12 years exploring the surface of Mars. On the right,
an alternative NiTi wire mesh wheel clearly capable of deformation due to sharp rocks and
irregularly shaped objects which may be leveraged in future space missions.
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transformation via heating and the high degree of work hardening. An extensive study on
optimal SM parameters conducted by Keinert and Petzoldt in 2004 concluded by stating
‘tool wear is high even under optimized cutting parameters’ [66]. In general, end-to-end
production processes for NiTi are expensive and currently reserved for niche applications
in the aerospace and medical industries where the unique properties ensure it as the only
viable solution. More recently, there has been interest by several groups in producing NiTi
via additive manufacturing which (as the topic of this thesis) is reserved to be introduced in
the following section.
1.4.3 Effect of Nickel composition and cold working on ductility and transfor-
mation behavior
The shape memory and superelastic behavior arises as the result of processing to induce
and exploit the transformation behavior which is rarely present prior to post-processing via
cold-working and heat treatment. For transformation to occur repeatably, the matrix must
be strong enough to resist accumulated plastic deformation. Post-processing the material
strengthens the matrix through precipitation and production of dislocation networks, and
will be discussed in more detail in the following section. Much of the interest in NiTi has been
focused on nickel-rich compositions, because the transformation temperatures and stresses
can be tailored through variation of the nickel content [67]. In fact, work published by sev-
eral groups and compiled by Tang et. al. (Reproduced by Duerig et. al.) demonstrates
the magnitude with which composition can affect transformation temperature [68]. In the
lower Nickel content (48.5-50 at%) range the transformation temperature fluctuates by only
50 degrees, but this decreases exponentially as the matrix becomes more nickel rich, out to
51at%, as shown in Figure 1.7. Typically, what is reported is that for each change in 0.1at%
Ni, there is a corresponding change in the transformation temperatures of approximately
10 degrees. It is not entirely understood what happens to the transformation tempera-
ture for more Ni-rich alloy systems out past 51-52at%, in part due to the ductile-brittle
transition which occurs with increased Nickel composition. The mechanism for increased
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embrittlement with the addition of Ni in the matrix is not yet fully understood, but gen-
erally this effect is attributed to interstitial and substitutional point defects which act as a
strengthening mechanism through the development of local coherency strains in the lattice.
Intermetallic/secondary phases are also known to contribute similarly. This strengthening
can make shear strain deformation accommodation less energetically favorable, resulting in
brittle macroscopic responses. This was first demonstrated clearly by Miyazaki in the late
1980’s looking at how hardness increases dramatically with Nickel composition [69]. This can
also be validated through reported tensile properties for NiTi collected from several sources.
Tensile data was collected from several sources over the last 50 years for varying Nickel com-
positions, heat treatments, and cold-worked alloy systems which is reported in Figure 1.8.
It is clear that at lower Nickel compositions various cold working and heat treatments can
result in a wide range of ductility, which is eliminated at some threshold composition at
which ductile deformation mechanisms are no longer observed.
Figure 1.7: Plot depicting change in Ms temperature versus change in bulk Nickel compo-
sition for a binary NiTi alloy system compiled by Tang. et. al. with data adapted from
Harrison et. al. and Hanlon et. al. reproduced by Duerig et. al. [68, 70]
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Figure 1.8: Plot depicting change in Elongation at Failure vs. Ni composition reported by
several sources
Beginning with a bulk nickel rich matrix, cold working is performed to introduce dislo-
cation networks in the material in addition to providing grain refinement which can improve
material strength based on the Hall-Petch relationship [71]. This is typically done in binary
NiTi alloy systems because precipitation hardening is not sufficient to minimize cyclic plas-
ticity. As an alternative to traditional cold-working, recently it was reported by Wang et. al.
that functional stability of a Ni50.8Ti49.2 alloy system was improved substantially by precip-
itate formation on purposefully introduced dislocation networks, and further explained that
these dislocation networks can be thermally or stress activated. In this case, the dislocation
network served as a nucleation site for Ni4Ti3 nanoprecipitates, acting as a replacement for a
typical grain refinement or precipitation hardening post-processing step. A diagram adapted
from their work has been included for reference, and is shown in Figure 1.9 [72].
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Figure 1.9: Diagram adapted from Wang et. al. showing the effect of stress cycling to intro-
duce dislocation network prior to ageing to homogeneously distribute Ni4Ti3 precipitation,
for the purpose of improving functional stability in a slightly Ni-rich NiTi alloy.
1.4.4 Crystallography and phases present in NiTi
In addition to Ni4Ti3, several other phases can be precipitated from the bulk matrix de-
pending on the initial composition and the prescribed heat treatment. As reported by Otsuka
and Ren in 2005, the phase diagram for NiTi has sparked controversy until the late 1980’s,
with new precipitate phases being discovered making some of the early literature difficult to
interpret. Another transformation, referred to as the R-phase, which is in essence a rhom-
bohedral distortion of cubic austenite [73], was for some time reported as pre-martensitic
behavior before more thorough characterization in the early 2000’s [57]. Further investi-
gation reported that this transformation is in fact another form of low thermal-hysteresis
martensitic transformation, which competes with the martensitic transformation that fol-
lows. To understand the effect the post-processing procedures might have, it is important
to understand what has been discovered regarding the phase transformation mechanisms.
Three such transformations are known to occur, being the B2 austenite to B19’ transfor-
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mation, B2 austenite to B19 martensite transformation, and B2 to rhombohedral R phase
transformation. The B2 austenite crystal structure is cubic and retains whether quenched
or cooled slowly to room temperature after ageing. The B19’ monoclinic martensite crystal
structure is achieved by quenching binary NiTi after solutionizing, and B19 orthorhombic
martensite is achieved as a result of monoclinic distortion [57]. R-phase can appear prior
to transformation to B19’ martensite, and is typically found in Ni-rich NiTi alloys aged at
400◦C which precipitate Ni4Ti3, or in NiTi alloys which have been cold worked to produce
arranged dislocation structures and grain refinement. The presence of both B19’ and R phase
in NiTi can occur as the result of stress fields surrounding dislocations and precipitates. The
path dependence of phase transformation, whether from B2 to B19’, B2 to B19, B2 to R, or
R to B19 or B19’ is largely dependent on the presence and phases of precipitation structure
in the material. Nishida et. al. studied extensively (as outlined in work by Otsuka and Ren
[57, 74]) controlled diffusion transformations for a Ni52T i alloy at high temperatures using
several approaches, concluding that three precipitate phases (Ni4Ti3, Ni3Ti2, and Ni3Ti),
appear in succession from the former to the latter as more energy is introduced via heat
treatment either by increasing ageing temperature or ageing time. These transformation
succession steps are summarized in a Time-Temperature-Transformation (TTT) diagram, as
shown in Figure 1.10. This succession can also be visualized in the full phase diagram for
NiTi (Figure 1.11, including phase equilibrium between Ni4Ti3 and B2 austenite which was
published by Massalski in 1990: [75, 76].
1.4.5 Hardening and phase transformation mechanisms
Hardening is a well-understood behavior across several length scales which ductile ma-
terials exhibit during loading. Dislocation motion has been identified as a mechanism for
accumulation of plastic strain on a microscopic scale, and at a meso-scale plastic strain lo-
calization and Lüders bands have as well been elucidated. Macroscopically, plastic strain
accumulation manifests as path dependent strain behavior and the onset of plastic deforma-
tion. This behavior is particularly important to capture in NiTi, as the phase transformation
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Figure 1.10: TTT Diagram for Ni52T i alloy system, as reported by Nishida et. al. [74]. Note
that the circular symbol in the legend entry corresponding to the NiTi+Ni14T i11 phase was
later found to actually be an NiTi+Ni4Ti3 phase.
behavior gives rise to new hardening mechanisms necessary to capture and understand the
response. Recently, a strain-space micromechanics-inspired constitutive model for shape
memory alloys was developed by Kelly et. al. which is capable of capturing these complex
phenomena [77]. It is well established that hardening mechanisms are in constant competition
with phase transformation for NiTi alloys during loading. Hardening, or the accumulation of
plastic strain in the form of dislocations, is introduced when stress is distributed in regions
of the matrix which are not strong enough to pass the strain along to phase transformation.
For a semi-idealized system, where transformation hysteresis and cyclic plasticity are
initially ignored, it’s typical to start with mostly recoverable elastic loading. This is followed
by transformation of the favorably oriented grains. This can be visualized clearly using
techniques such as in-situ optical microscopy, as was done by work from Brinson [78], which
is shown in Figure 1.12.
This is a clear example of the phenomenon where certain surface regions being imaged
clearly experience much more strain early in the loading cycle. This is followed (in the
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Figure 1.11: Nickel-Titanium phase diagram including phase equilibrium between Ni4Ti3
and B2 austenite [76]
stress-strain response) by a reorientation plateau, where bulk martensite has nucleated at
the plateau stress and reorients (or self-accommodates) the stress by producing strain. Fol-
lowing, transformation completes or saturates only in grains with favorable orientations,
while grains which are poorly oriented remain partially transformed or not transformed at
all due to the way shear stress resolves based on the internal geometry of the polycrystal. The
typical ‘knee’ in the stress strain response is characterized by certain regions of strain being
‘trapped’ by ones that are fully transformed, which would necessarily exhibit less strain if any
in particularly misaligned regions. Following major transformation, the martensite is now
loading elastically. To further transform these grains requires plastic deformation to develop
in the form of dislocation motion, incurring irreversible strain throughout the material. This
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Figure 1.12: In-situ optical microscopy showing regions of transformed and untransformed
material during loading. In these three images taken at different intervals in the loading,
some regions transform early (i.e., A) and some regions (i.e., B) remain mostly or entirely
untransformed.
is seen in the form of hardening and starts during and before saturation. Transformation in
polycrystals is a complex process, with lots of continued experimental and theoretical inves-
tigations ongoing, and these responses vary with material system, processing conditions, and
type of loading [77]. Previous models focused on capturing individual pieces of the response,
but this model is the first to describe what is observed in shape memory alloys with a simple
unified framework. While transformation is a complex process, it can effectively be explained
by two mechanisms, initiation and saturation. In Figure 1.12 going from T=0s to T=15s,
the oriented grains which experience stress first transform first, and then saturation occurs
after the reorientation plateau. The reason this transformation isn’t bilinear in practice is
because as the transformation front propagates, poorly oriented regions of austenite which
haven’t really received much resolved stress get ’trapped’ in the martensite, causing this
saturation to occur earlier or later in the transformation front, leading to localized plasticity
prior to macroscopic yielding.
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1.5 Production of Nickel Titanium based Shape Memory Alloys via Additive
Manufacturing
1.5.1 Objectives and potential
The design and customization benefits to an additive approach to manufacturing, com-
bined with the challenges facing NiTi design integration might seem to give way to a natural
collaboration between the two. 3D printed shape memory alloys have been of interest to
several research groups over the last ten years, with the goal to produce complex shape-
shifting structures with functionally graded properties, that might fundamentally change
the way design problems are approached. In the context of a NiTi alloy system, AM holds
two benefits over traditional manufacturing processes. The first is that complex structures
with intricate features could revolutionize design for things like heat exchangers [40, 79],
solid-state actuators, and biocompatible medical devices. Simply designing alternatives for
devices in well-established industries isn’t advantageous enough to see NiTi expand outside
of the current niches, however. Integration of unique, specialized NiTi devices in commercial
markets requires distinct advantages, giving way to the second benefit. AM NiTi provides
local composition and microstructural control for functional grading, making the design
promises potentially more viable options over their already established competitors. With
the feature sizes and internal-geometric shaping capable with AM, it would be possible to
dramatically improve convective and conductive heat transfer which is typically utilized (i.e.,
joule heating) to activate shape memory alloy actuation systems. If coupled with a special-
ized control system, this could bring response time down possibly enough to compete with
hydraulic or motor-driven actuation systems in a variety of applications (in addition to the
known weight and space savings of a solid state system).
1.5.2 Laser-Engineered Net Shaping (LENS) fabrication of AM NiTi
The earliest published developments on AM NiTi (known to the author) began in the
late 2000’s, with focus placed on fabrication via L-PBF (often referred to as Selective Laser
Melting or SLM) and Laser Engineered Net Shaping (LENS) processes. Initially, produc-
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tion cost associated with powder production of commercially pure NiTi alloy systems made
LENS processes of primary interest, where nickel and titanium powder feedstocks could be
combined to investigate the solidification behavior. Developments were made in 2007 and
2009 by Krishna et. al., where production of porous and non-porous near-equiatomic NiTi
was completed, but with poor surface finish and warping requiring post-process machining,
in addition to low compressive strength reported at just over 1 GPa, and recoverable strain
on the order of 2-4% [80]. Following, Halani et. al. were able to achieve 2.5-3 GPa compres-
sive strength in more nickel-rich (Ni57Ti43, mixed elemental powder) samples heat treated at
400◦C for 1h, the strength improvement attributed largely to Ni4Ti3 precipitation[81]. Un-
fortunately, use of this process necessarily overlooks some of the key advantages of AM SMA
systems (i.e., small feature sizes and complex geometries), so while it may serve as a useful
platform for an alloy development/characterization standpoint, it is likely that commercial
use will be focused on L-PBF systems instead. For this reason, many of the substantial
developments made recently in the area of AM NiTi have focused on L-PBF processes.
1.5.3 Laser-Powder Bed Fusion fabrication of AM NiTi
Some of the earliest successful work focused on L-PBF production of NiTi was con-
ducted by Meier et. al. in Bochum, where the first mechanical properties for pre-alloyed
Ni50.2Ti49.8 were reported and the challenges presented due to the unique microstructural-
process-property relationships which exist, with compression test specimens failing at 3.2-3.4
GPa and 40% fracture strain [82]. Possibly the most intriguing result from this work demon-
strated the lack of influence on sample geometry to mechanical performance, with less than
10% deviation across three orientations. The failure mode for these samples was reported as
crack-induced, resulting from microcracking which originated at the ’laser track interfaces’.
The samples were fabricated using pre-alloyed powder with a particle size ranging from 25-75
microns, on a Realizer SLM 100 machine. Following, in 2012 work by Bormann et. al. con-
ducted mechanical testing, DSC, XRD, and metallographic analysis for samples produced
in the range of 60-100 J/mm3, and reported Ni4Ti3, Ti4Ni2Ox, and TiO2 phases present (al-
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though the only clear peaks were those of the oxide phases). The tensile properties reported
in this work did not exceed 400MPa, and the failure mode was not reported. Defects (and
general images) of as-built samples were not reported. The remaining literature on L-PBF
produced NiTi up to 2014 was well captured in a dissertation by the same author (Therese
Bormann) [37], focusing on scaffolds for biomedical applications. This work included some
notable advancements in the field, and was divided between a NiTi processing study and
microstructure evaluation. Generally, the grain size was found to increase with laser pow-
er/VED, and it was found that decreasing the scanning velocity did not substantially alter
the microstructure despite a change in as-built transformation temperatures, likely due to
changes in vaporized nickel although ICP analysis was not conducted. An increase in the
preference toward a preferred <111> direction with increasing laser power was also reported.
Three key takeaways from this work are that (1) that up to 2014, laser VED was kept at
or below 100 J/mm3, constituted by laser power at or below 100W and (2) to produce NiTi
parts with in accordance with ASTM2063-05, oxygen contents need to be reduced [53], and
(3) defect populations in as-built parts were not reported.
The six year period following saw much broader interest, with much more of the process-
ing and post-processing space explored in slightly Ni-rich NiTi. With an understanding of the
processing space improving, more of the unique properties could be seen via thermomechan-
ical characterization. Moghaddam et. al. reported achieving superelasticity in compression
with up to 5.62% strain recovery and 98% recovery ratio without post-process heat treat-
ments from Ni50.8Ti49.2 (at%), using a powder particle size range of 25-75 microns in a Phenix
(now 3D Systems) PXM machine. Cyclic plasticity was minimized in this study by decreas-
ing the hatch spacing, with optimal processing conditions achieved at 250W laser power,
1250 mm/s scan velocity, and 80 micron hatch spacing (culminating in a reported VED of
83.33 J/mm3). Microstructural analysis via TEM revealed that with smaller hatch spacing,
the martensitic transformation temperature decreased due to small Ni4Ti3 precipitates which
may have depleted the matrix of nickel, in addition to providing sufficient strengthening to
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achieve stress-induced transformation. While a ‘crack free’ microstructure was reported,
tensile properties were reportedly limited by un-melted powder near sample edges acting
as a crack initiation site (although no characterization was done to rule out the possibility
of microcrack-induced failure, and it was unclear how the proposition of unmelted powder
was arrived at without evidence via optical microscopy or SEM) [83]. Curiously, this theme
of underdetermined defect populations limiting tensile capabilities is prevalent throughout
recent literature, despite several groups demonstrating effective compression superelasticity
in as-built and heat treated specimens [30, 32, 83–87]. Since compression loading states
are typically not limited by crack propagation causing pre-mature failure, it is possible that
unaddressed residual-stress induced microcracking near the surface could be the cause of the
unimpressive tensile results achieved thus far.
Despite substantial evidence indicating no single process parameter exclusively con-
tributes to resulting structure or properties, and further evidence indicating that the pre-
ferred variable of VED is not necessarily an accurate thermal history metric, all of the AM
NiTi literature up to this point has reported such process-structure-property relationships
and continued attempting to develop on such processing assumptions. With this in mind,
it is important that a more comprehensive understanding of the NiTi processing space is
developed before substantial progress can be made developing multi-functional components,
beginning with producing tensile superelasticity.
1.5.4 Processability of AM NiTi
The existing framework for processability of AM NiTi via L-PBF has extended to a wide
range of parameters for different alloy systems, some of which were reviewed in the previous
section. While ‘processability’ is a term widely used in different facets of metallurgy and
mechanical engineering, it is being constrained in this context to describe the relationship
between AM machine parameters and resulting part quality, on the basis of several different
success metrics. For a component to be considered ‘successful’, minimal defect populations
must exist, in addition to preserving intended geometric constraints. This space in which
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geometrically-accurate parts with little-to-no defects exist can be thought of as the process
window, and within that window it is possible to tailor microstructural or crystallographic
properties by altering parameters without loss of overall quality. Relative density (reported in
%) is a common baseline metric used to compare parameters such as VED. The Archimedes
method, as reported in ASTM B962-17, has become an industry standard to calculate rela-
tive density. Unfortunately, this method is limited because it requires submersion of the part
underwater, and poor surface finish can cause microscopic air bubbles to artificially reduce
the relative density by attaching to rough surfaces during weight measurement [88]. In ad-
dition, the Archimedes method may be sufficient for measurement of relative keyhole or lack
of fusion porosity internally, but does a poor job of accounting for externally-propagating
micro or macroscopic crack density as per the aforementioned shortcoming. For measure-
ment of relative crack density, optical microscopy is a useful first-pass technique that shall
be discussed further in the next section (refer to Methods of process window evaluation).
Diagnosing the mechanism for porous defects is relatively more straitforward than that for
cracking. AM literature in general has identified two primary mechanisms for porosity de-
fects (i.e., keyholing and lack-of-fusion) which were discussed in depth in an earlier section.
Nickel vaporization is another NiTi-specific porous defect mechanism which has been re-
ported by Elahinia et. al. [85], although the arrival at this conclusion isn’t quantitatively
or qualitatively supported. Crack formation is a much more ambiguous defect with several
primary and secondary mechanisms, with multiple mechanisms often interacting to produce
what is identified via microscopy. As reported by Frenzel et. al. in 2004, for wrought Ni-rich
NiTi loaded in fatigue, crack initiation sites were found to contain surface irregularities and
inclusions which served as stress concentrators [89]. In recent work by Moghaddam et. al.,
cracking was reportedly eliminated through use of a ‘high laser power’ (P=250W), with no
further elaboration or analysis [83]. A brief crack analysis conducted by Domashenkov et.
al. alluded to a similar phenomenon in the production of AM NiTi, where high-temperature
oxidation combined with the thermal induced geometric deformation throughout the build
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process resulted in a crack initiation site which could propagate externally inward [90]. In
this work, preheating of 500◦C was used to reduce the thermal gradient during the built
process, and this was reported to reduce the crack susceptibility. It was unclear from this
work whether the oxide inclusions referenced were present as point defects initiating the
crack propagation, or if oxide contributed to formation of brittle secondary intermetallic
phases during solidification which then served as initiation sites. Regardless, this work is a
testament to the importance of reducing oxidation of both the NiTi powder feedstock and
in the build environment. Generally this mechanism of crack formation due to thermally
induced deformation seems to be the working hypothesis in the AM NiTi community, al-
though the connection to other defect populations and mitigation strategies have not been
well characterized or developed.
While some amount of oxidation and inclusive secondary phases are necessarily expected
in most commercial AM processes, the impact on quality can reportedly be mitigated through
selection of optimal process parameters. The main processing space reported for AM NiTi
spans a wide range, as reported by Haberland et. al. which can be seen in Figure 1.13
adapted from their work [30]. This processing space was reported using metrics of relative
density and impurity pick-up, for elements of Oxygen, Carbon, and Nitrogen.
1.5.5 Post-processing developments on AM NiTi
As most of the developments on AM NiTi thus far have been focused on only slightly
nickel-rich compositions (Ni50.8Ti49.2 as the highest feedstock composition reported [30, 32,
40, 83, 85, 91–95]), post-process heat treatments have generally required solutionizing to
produce superelastic and shape memory effects. This is except for recent work done by
Haberland et. al., who published work claiming superelastic properties were exhibited in
as-built specimens, and cyclic hysteresis varied with VED and hatch spacing. The intended
effect of solutionizing prior to ageing is to annihilate dislocations and dissolve secondary
phases to establish a microstructural baseline prior to additional post-processing. It is then
unsurprising that primary investigation of post-processing effects on thermomechanical per-
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(a) VED vs. Relative Density
(b) VED vs. Impurity Pickup
Figure 1.13: Effect of VED on relative density and impurity pick-up in AM NiTi, as reported
by Haberland et. al.[30]
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formance has involved a solutionizing step, as the most Ni-rich powder reported in literature
up to this point has been Ni50.8Ti49.2. The unfortunate consequence of solutionizing is that
performance is then limited by homogeneity of subsequent Ni4Ti3 nucleation via 400-500
◦C
ageing. Typically, homogeneous dislocation networks used as nucleation sites for Ni4Ti3 are
introduced with a cold work step which works well for simple geometries such as wires and
sheets but does not cater to the complex geometries providing AM technologies an advan-
tage. For shapes that are inconvenient to draw through a die or roll to introduce dislocations,
the only other practical 1 method for introducing dislocations is through repetitive thermal
cycling [72]. Unfortunately, this only works in certain cases and in others may result in
dislocation annihilation. The thermal cycling which in introduced in AM processes has re-
portedly (recently) resulted in dense dislocation structures in AM NiTi [92, 96], which may
be opportune for direct ageing to produce Ni4Ti3 precipitation for improved performance.
Given that the TTT diagram of NiTi (Figure 1.10) indicates a transformation of precipi-
tate phases in the order of Ni4Ti3 to Ni3Ti2, to Ni3Ti, it is also theoretically possible that
extended direct-ageing approaches in very Ni-rich matrix compositions could be capable of
achieving multiple ‘peak-age’ conditions with different precipitation structures as optimal
coherency is reached in each case. This has not been extensively studied to date in AM
NiTi.
1.5.6 Microstructure of AM NiTi
The effects of process parameters on the microstructure of AM NiTi has largely been re-
ported as a series of discrete observations corresponding to different areas in the processing
space. Therese Bormann was the first to identify a trend between laser power and resulting
grain size, although these observations were limited to a single VED and did not account for
either variations in scan velocity (and corresponding different energy densities), variations
in hatch spacing, variation in secondary parameters, or variation in geometry [97]. Similar
1Note that while practical is a subjective term, in this case it is excluding such comparable treatments as
Laser Shock-induced Plastic deformation (LSP)
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equiaxed grain characteristics were reported recently by Farhang et. al. [93], but a compre-
hensive study on the effect of process parameters on these observations was not conducted.
Similarly, Gustmann et. al. reported ‘very fine grains as a result of the high cooling rates’,
with no further characterization or parameterization study [98]. Zhao et. al. recently re-
ported a more compelling analysis, showing overall grain size (width and height) increasing
across three very high energy densities produced at very low scan velocities and relatively high
laser power conditions. This is in contradiction with Bormann’s hypothesis of scan velocity
having no effect on grain morphology, and instead suggests a more nuanced explanation that
heat input and remelting characteristics (independent of any individual parameter), have
more to do with grain morphology, and individual correlations are likely a secondary effect
from the given parameter scaling relative heat input or remelting characteristics, leading to
more pronounced equiaxed columnar grain growth. Pre-processing conditions are known to
have several effects on resulting microstructure, both from the introduction of inclusions and
an influence of powder size. Ou et. al. has reported smaller powder particles resulting in
generally smaller grain sizes for the same process parameters, although it was unclear exactly
what analysis was done to draw this conclusion [99]. Oxide and carbide inclusions have been
reported several times for AM fabricated NiTi [40, 83, 85, 93, 100–106]. When oxygen is
present during NiTi processing this can result in Ti4Ni2Ox inclusions which tend to deplete
the matrix of titanium and lower the transformation temperature, along with pinning grain
growth and increasing strength [107].
1.5.7 Thermo-mechanical performance characteristics of AM NiTi
Superelastic responses in compression have been demonstrated by several research groups
for AM NiTi. These responses have been achieved on simple cubic and cylindrical geome-
tries, with failure stresses as high as 3GPa and recoverable strains on the order of 5.62% [83].
Several sources in literature have suggested that a strong columnar texture with a preferred
[001] orientation can substantially improve the thermomechanical properties of cubic metals
(i.e., B2 NiTi) [108–110]. This texture is commonly reported in as-fabricated components in
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AM processes, as the 100 planes which are well oriented grow quickly in the direction of the
largest thermal gradient (i.e., in the build direction), which tends to dominate the crystal-
lographic texture in NiTi alloy systems [94]. Recently, Jahadakbar et. al. reported tensile
properties for AM NiTi, with the most successful samples demonstrating a transformation
strain of 2.6% and a fracture strength of 600MPa [111], using similar machine parameters
and powder feedstock compositions as [83]. Functional fatigue has yet to be fully character-
ized for this alloy system, in addition to demonstration of cyclic tensile superelasticity.
1.5.8 Further developments necessary
Until now, research in the area of additively manufactured shape memory alloys has
focused on alloy systems with Nickel composition below 50.8 at%. This focus has been
largely driven by an economic and commercial motivation to produce parts for medical
applications such as stents, heart valves, and bone staples, in addition to a wealth of sources
with reported optimal processing conditions and promising thermomechanical (compression)
data to support. However, realistically applications for this composition are currently limited
due to the initially low Ni content which only decreases as a result of in-process vaporization
and post-process heat treatments. The focus of this work takes an alternative approach
by using more Ni-rich Ni51.5Ti48.5 powder feedstock which through a combination of in-
process Nickel vaporization and precipitation hardening could be used to produce near-
Ni 50.8 at% final composition parts with functional properties. A similar approach was
taken in wrought NiTi by Boeing for use in their variable-geometry chevron (VGC) program
where cold working was deemed undesirable so a more Ni-rich composition was chosen and
precipitation hardening was used to achieve the final desired properties [112, 113]. In this
work, however, beginning with a very high Ni-composition near Ni60Ti40 and purposefully
overageing to achieve final desired compositions resulted in strength issues and substantial
stabilization cycling to achieve desired performance. In this work, by beginning with a lower
Ni-composition between Ni50.8Ti49.2 and Ni52Ti48 it is hypothesized that final compositions
and transformation behavior can be achieved through typical ageing treatments following
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production. Use of a higher initial Ni composition offers several key benefits including the
opportunity for high-hardness, and a larger possible Ni-vaporization range to tailor the final
alloy composition. These were the primary motivations for this thesis, and in the following
section the methods for characterization and evaluation are presented.
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CHAPTER 2
EXPERIMENTAL AND DATA ANALYTICS METHODS
A multitude of materials preparation, processing, and characterization methods were used
in the experiments conducted for this research. For clarity, these are divided in to subsections
corresponding to the experimental analysis conducted, with detailed explanations for some
subsections included in the appendix for brevity. These descriptions span the preprocessing
analysis on feedstock prior to manufacturing, parameter selection for each build evaluated in
the printing process, characterization tools utilized, and data analysis techniques employed.
Following, results regarding the two primary topical areas of interest are detailed.
2.1 Preprocessing methods
A Ni-rich Ni51.5Ti48.5 (at.%) ingot was converted to powder via Electrode Induction-
Melting Gas Atomization (EIGA) process using commercially pure VIM/VAR produced
Ni51.5Ti48.5 electrodes. The powder was collected in a commercially pure titanium crucible
developed in collaboration with NASA Glenn and Carpenter Additive (Philadelphia, PA), to
ensure ASTM E1409 for oxygen concentration and ASTM E1491 for carbon concentration
prior to printing was met. The resulting powder was sieved in to a range of +15 microns
to -45 microns prior to printing. Powder side analysis was conducted in ImageJ Fiji soft-
ware, using a thresholding > watershed > particle analysis method for automatic tracking.
Three independent datasets using different threshold and circularity values were performed
to ensure an accurate size distribution, although some bias toward smaller powder sizes
may be seen due to overlapping particles in the SEM images. This powder was transported
in mechanically sealed 80 gallon drums, where the powder inside was additionally sealed
in a plastic container from excess oxygen exposure and other contaminants. The powders
were also analyzed for transformation temperature using a Netzsch Differential Scanning
Calorimeter. Heat flow data was collected from -150◦C to 150◦C, with colder temperatures
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achieved using liquid nitrogen. The heat flow data was averaged over two cycles to obtain
accurate results. This powder was re-used/recycled throughout subsequent builds performed
in the following experiments due to the limited availability and high cost associated with
powder production, and although re-use effects are of interest to the AM industry, a thor-
ough analysis of the effects on structure and resulting properties in as-built and heat treated
parts was deemed out of scope for this work.
2.2 Methods for manufacturing AM NiTi
Samples were built 2 on a standard commercial EOS M290 Laser-Powder Bed Fusion
machine, capable of bed preheating to 200◦C and equipped with a 400W, 100 micron diameter
fiber laser. EOS markets this machine as ‘the all-rounder for 3D printed metal parts’ [21],
and several material systems including Ti-6Al-4V, SS316L, and IN718 have been qualified
for use in medical and aerospace applications using this platform. Powder is spread across
the built plate with a carbon fiber brush 3. The printing process was performed under Argon
atmosphere with an Oxygen concentration ensured by EOS to be 0.1% or 1000ppm [21].
Following the build process, the samples were evaluated using several destructive and
nondestructive characterization techniques.
2.3 Methods for post-processing AM NiTi
2.3.1 Optical Microscopy and Scanning Electron Microscopy (SEM)
Following the build process, Samples were removed from the build plate following AM
via electrical discharge machining (EDM). Cylindrical samples were prepared for optical
microscopy and Scanning Electron Microscopy (SEM) via sectioning length-wise on a Buehler
IsoMet 4000 Linear Precision Saw with a 152mm IsoCut HC CBN Blade (PN: 115265) at
a spindle speed of 5000RPM and a feed rate of 2mm/min using a water based coolant.
2Note that the terms ‘built’, ‘fabricated’, ‘manufactured’, and ‘printed’ are used interchangeably
3Note that the EOS M290 L-PBF machine is also capable of being equipped with a tool-steel recoater blade,
but z-direction thermal expansion in our samples and cracking near the build plate resulted in recoater
contact and loss of samples. It is recommended that a tool steel blade is used following development of
optimal parameters for spreading consistency.
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Following, samples were hot mounted in Bakelite prior to grinding and polishing to a 2
micron finish. The grinding was performed by first planing the samples on a using a Struers
LaboForce 100 autopolisher using 320-500 Struers SiC polishing foils for 30s, followed by
1000 SiC foil for 30s, 2000 (9 micron) SiC foil for 30-45s (or until a mostly mirror finish is
achieved), and then polish on a Struers Chem pad with a 2 micron colloidal silica solution
for 5-10 minutes. To expose surface texture, etching was performed using a 3.2% Hf, 57.3%
HNO3, 82.7% H2O mixture for 50-80s. It is worth noting that the melt pool dimensional
analysis was performed prior to etching, as the contrast between the melt pools and other
surface features such as grain boundaries became difficult to resolve following etching. The
statistics of grain size (width and length) reported consider analysis of >100 grains in each
condition from OM and/or EBSD data. Analysis was then conducted using ImageJ Fiji.
Optical microscopy was conducted using a Keyence VHX-5000 digital microscope.
2.3.2 Transmission Electron Microscopy
Samples were prepared for Transmission Electron Microscopy (TEM) by sectioning on a
Buehler IsoMet 4000 saw (same setup used to prepare SEM samples) to a thickness of roughly
1mm, and then ground to a thickness of 100 microns +/-10 microns using a Struers LaboForce
100 autopolisher with SiC Foil 1000. Following, the samples were cleaned in acetone prior
to electropolishing. A mechanical punch was used to create 3mm discs from the 100 micron
sections, and a Fischione automatic twin-jet electropolisher (model 120) at 10-15V was used
to produce thin TEM foils. An electrolyte of HNO3 and methanol in a 1:3 volume ratio
at -35 (+/-1) C was used as the electrolytic solution. This process averaged 8-12 minutes
per sample. Conventional high-angle annular dark-field (HAADF), bright-field (BF), dark-
field (DF), and high-resolution (scanning) transmission electron microscopy (BFTEM and
HRTEM) characterizations was conducted using a FEI Talos TEM (FEG, 200 kV equipped
with ChemiSTEM X-ray energy dispersive spectroscopy (EDX) four detector technology).
Average precipitate size, interparticle distance, and standard deviations are reported using
measurements of at least 50 precipitates from several BF, DF, and HRTEM images taken
41
from different regions of each sample. Lattice dislocation densities are measured in BF-TEM
micrographs using the line intercept method [114] using at least 20 lines and several images
per sample. Analysis was conducted using ImageJ Fiji.
2.3.3 Electron Backscatter Diffraction
ESBD was conducted using a FEI Helios Nanolab 600i DualBeam SEM/FIB config-
ured with an EDAX Hikari Super EBSD camera. Electron Backscatter Reflection (EBSD)
was done in conjunction with SEM analysis to study the quantitative microstructural-
crystallographic relationship in AM NiTi. Structural features such as grain size/shape/ori-
entation were analyzed, in addition to crystal orientation. All EBSD data was processed
using EDAX OIM Analysis 7 software (version 7.2.1). Analysis was then conducted using
ImageJ Fiji.
2.3.4 Energy Dispersive X-Ray Spectroscopy (EDS)
Energy Dispersive X-Ray Spectroscopy was used in conjunction with ICP for elemental
analysis in samples examined via optical microscopy and SEM. While this technique is use-
ful in identifying instances of elemental segregation in areas such as grain boundaries and
characterizing microscopic features, bulk composition and the resulting effects on thermo-
mechanical performance are better reserved for ICP analysis.
2.3.5 Differential Scanning Calorimetry (DSC)
Sample preparation for Differential Scanning Calorimetry (DSC) included sectioning to
25-45mg mass as per ASTM F2004-17. For heat treated samples, each visibly oxidized
surface was polished to bare metal, and the samples were cleaned of foreign material such as
cutting fluid and SiC residue using isopropanol, acetone, and the same etchant mixture (for
5-10 seconds) prior to encapsulation in Tzero Hermetic Aluminum pans. Only homogeneous
samples were used for testing, and care was taken during preparation not to cause localized
heating which may affect the transformation temperatures. Differential scanning calorimetry
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(DSC) tests were performed using a TA Instruments Q100 V9.9 with heating and cooling
rates of 10 C/min and temperature range between -180◦C and 150◦C. At least two test
runs were performed for each specimen, and the results were averaged for accuracy. Data
analysis was performed in Python using Jupyter Notebook. For all figures demonstrating
DSC results in this work, the same layout can be assumed which follows the convention in
Figure 2.1.
Figure 2.1: Example DSC figure based on the convention described in [115], with Martensitic
and R-phase cooling transformation peaks denoted by Mp and Rp respectively, with heating




Many heat treatments were performed on as-build samples to develop an understanding
of the effect precipitation on thermomechanical and microstructural properties. Heat treat-
ments were performed on various geometries by encapsulating samples in Sentry VacPac65
heat treatment bags filled with raw titanium chips as an oxygen absorber. This method was
found to produce only mild surface oxidation even on small (<45mg) samples and thus was
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used as a more time-effective alternative to quartz encapsulation. Heating was performed
using a Carbolite Gero CWF 13/13 + 301 Controlled chamber furnace, with local area tem-
perature confirmed using a thermocouple. For all heat treatments, the chamber was heated
to each desired temperature and samples were placed inside. For single-step heat treatments,
the samples were removed following ageing and cooled at room temperature. For multi-step
heat treatments, after the samples were left to cool following the first ageing or pre-aging
step, samples were placed inside another pre-heated furnace where the process was repeated.
The possibility of heating/cooling rate having an effect for similar heat treatments on sam-
ples was addressed by examining the cooling time of several different geometries (i.e., small
rectangular samples, cylinders, tensile bars) and noting that based on the TTT diagram for
(see Figure 1.10) at the heat treatments conducted several hours are required to produce
entirely different precipitate phases. The cooling rate observed for all samples was on the
order of a few minutes at most. It was considered that the temperature change rate may
have effected relative precipitate sizes between different geometries and will be addressed in
the following section.
2.3.7 Mechanical testing (tension and compression)
Monotonic mechanical testing was conducted on as built and heat treated samples. Com-
pression testing was conducted on an MTS 9 Landmark 55 kip uniaxial servohydraulic load
frame with an attached environmental chamber, in conjunction with ASTM E8 and ASTM
E9. Following DSC data collected to determine transformation temperature corresponding
to different heat treatment conditions, compression testing was conducted at a constant 70C
such that the commonly utilized Af+10 condition for all samples was preserved. Tempera-
ture inside of the environmental chamber was measured using a reference sample of AM NiTi
with thermocouple leads welded on, which was positioned within <10cm of the sample being
tested. Conical platens with tungsten carbide inserts were used to compress the samples.
Cylindrical compression samples were prepared by grinding each end parallel using 500 SiC
foil, and masking the ends prior to speckling. Rectangular compression samples were ground
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to achieve parallel surfaces on all sides, although it was noted that several samples appeared
to be non-parallel after processing the DIC images taken. A loading rate of 10-4 micros-
train was prescribed on all tests, with a data collection rate of 1hz. Strain measurements
were made via 2-Dimensional (2D) Digital Image Correlation (DIC). Images for DIC were
acquired using a Basler ace acA2500-14gm camera with a custom lens setup consisting of
100mm Schneider-Kreuznach macro-extension tubes with a componon-s 4/80 lens, with an
end-mounted polarization filter. Two halogen lamps with polarization filters to maintain
resolution while reducing glare. This setup is shown in Figure 2.2. Prior to testing, samples
were speckled using flat white paint as a base with a light coating of flat black. An example
of the speckle pattern used on a tensile specimen is shown in Figure 2.3. Noise for the DIC
data was ensured for each sample to at least 10-2 microstrain prior to testing. For data
post-processing, the parameters used in the DIC analysis are provided in Table 2.1. This
data was plotted in terms of engineering stress-strain values.
Figure 2.2: DIC/mechanical testing setup.
2.3.8 Inductively Coupled Plasma - Atomic Emission Spectroscopy (ICP-AES)
Inductively coupled plasma analysis was performed on samples to identify composition
changes resulting from different processing conditions and differences in as-built parts from
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Figure 2.3: Example speckle pattern shown on AM NiTi tensile specimen.
Table 2.1: Parameters used in DIC analysis.
Subset 25-29
Steps 7-9
Subset weights Gaussian weights
Interpolation Optimized 8-tap
Criterion Zero-normalized squared differences
powder feedstock. The primary constituent elemental changes of interest were Nickel, Tita-
nium, and Carbon since changes in these elements are known to affect the thermomechanical
properties of the material, as detailed in Chapter 1. This analysis was conducted in collab-
oration with NASA Glenn research center.
2.3.9 Elemental oxygen analysis
A separate LECO ON736 Elemental Oxygen and Nitrogen Analyzer was used to deter-
mine elemental Oxygen and Nitrogen content before and after printing, as per ASTM E1409.
This system utilizes an electrode furnace, inert gas, and IR/conductivity detection, and is
widely used in the refractory metal industry [116]. Solid samples were removed of surface
oxidation (only bulk content was of interest), and contamination using the same etchant
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mixture used to prepare samples for optical microscopy and SEM. The samples were placed
in series 502-3822 Nickel crucibles and sealed for testing in open atmosphere. The range of
Oxygen detection in the system is 0.00004-0.1% at 1g sample size, and 0.00004-0.05% for
Nitrogen.
2.3.10 Density analysis
Archimedes density analysis was performed on as-built samples in accordance with ASTM
B962-17 [88], where the specimen’s maximum theoretical density was calculated and assumed
to be 6.773 g/cm3 for Ni51.5Ti48.5. The relative density was determined by measuring the
mass using a Benchmark Scientific Accuris Precision Balance with resolution to 0.001g, where
each sample was measured twice in air and twice submerged in room temperature water. The





Due to the rough surfaces on each component, particularly those with large cracks which
could not be polished, it is likely that buoyant forces due to trapped air pockets attaching to
rough surfaces during submersion artificially lowered the samples with substantial cracking.
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CHAPTER 3
DEVELOPMENT OF PROCESS PARAMETERS FOR ADDITIVELY
MANUFACTURED (AM) NICKEL TITANIUM (NITI)
3.1 Feedstock Characterization and Purity
Inductively coupled plasma (ICP) and interstitial oxygen and carbon analysis were per-
formed on the as-received powder in three different size regimes, with results shown in Fig-
ure 3.1 and Figure 3.2, depicting variation in impurities (Oxygen and Carbon) and Nickel
respectively. According to ASTM F2063-18, the total allowable impurity content for Oxy-
gen and Carbon is 0.08wt%. Impurity content tends to be proportional to powder size,
decreasing with the surface area to volume ratio of the powder (r/3). The powder used
in the EOS M290 machine which parts were produced on (15 − 45µm) measured 0.16at%
(0.049wt%) oxygen, and a negligible 0.02at% (0.003wt%) carbon, which is testament to the
purity of the EIGA process used for powder production as it falls within the allowable range
for use in surgical devices and medical implants [53]. For the surface defect formation which
did occur such as rutile (TiO2) phase formation, oxygen and carbon were likely introduced
as a result of atmospheric exposure during transportation from the atomization facility to
the printer. This could be mitigated through developing powder transportation processes
or containers in an inert environment, although this is largely unrealistic with the current
operating procedures for commercial L-PBF machines.
Resulting ICP data demonstrates a trend which supports this hypothesis of rutile oxide
(and potentially carbide) formation on the powder surface, as bulk nickel compositions de-
creases by 0.06 at% (0.2wt%). Based on the data produced by Tang. et. al. (see Figure 1.7),
this corresponds to potentially a 50 degree change in the martensitic transformation tem-
perature of the material from the small powder to the large powder, although the data is
obscure for compositions larger than 51.2at% [68].
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Figure 3.1: Oxygen, Carbon, and Nitrogen content in as-received EIGA atomized NiTi
powder feedstock, with corresponding 3/r surface area to volume ratio for the powder shown.
The powders which are used in the production processes discussed in this work are nec-
essarily comprised of some distribution of powder sizes, and the potential resulting feedstock
transformation temperature gradient effects have not been addressed in previous work. That
is to say, when variable powder compositions are evaluated it is typically assumed the DSC
results of the powder size distribution used in printing are consistent with the local transfor-
mation temperatures, but spreading inconsistencies or powder agglomeration as is frequently
seen in small (< 25µm) powders could result in local feedstock composition gradients pro-
ducing anisotropy in the bulk composition following printing. Scanning Electron Microscopy
was used to image and evaluate the powder distributions in each range, which are presented
in Figure 3.3. The powder produced through the EIGA process are mostly circular with a
few satellites and irregular features. The larger powders (+45µm) did not have an upper-end
sieve, and as such there is a minimal concentration of very large powders upwards of 150
microns.
The powder size distribution claimed by the manufacturer was verified through particle
size analysis, with results shown in Figure 3.4. The powder sizes in this regime biased toward
smaller particle sizes, but maintained the same distribution as provided by the manufacturer.
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Figure 3.2: Nickel content in as-received EIGA atomized NiTi powder feedstock
The 15-45 micron powder size distribution is accurate with a bias toward smaller powders.
As the powders seemed to be evenly distributed in the SEM images, it is assumed that
local powder composition gradients would not have substantial influence on resulting part
quality or transformation behavior. This results in a corresponding bias in transformation
temperatures closer to that of the smaller powders, which is evident based on the Differ-
ential Scanning Calorimetry (DSC) data presented in Figure 3.5 although the enthalpy of
transformation is much lower for the small powders comparably.
This analysis confirms the conclusion drawn from the interstitial oxygen analysis con-
ducted, postulating that the oxygen content must have increased following removal from the
atomization crucible. Rutile surface oxide is known to form a TiO2 phase, effectively enrich-
ing the bulk matrix nickel composition and decreasing the transformation temperature as
the relative powder size decreases. While use of larger powder size could ultimately result in
fewer inclusions following printing, the EOS M290 L-PBF platform available is not capable
of operating with powders outside of the 15 − 45µm range.
Comprehensively comparing the powder chemistries used by different groups is diffi-
cult because some report weight percent vs. atomic percent, and the constituent elemental
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Figure 3.3: Scanning Electron Microscope (SEM) micrographs of < 15µm (a), 15 − 45µm
(b), and > 45µm (c) Nickel Titanium (NiTi) powders after EIGA atomization.
compositions reported are inconsistent across groups. In some cases, composition is falsely
reported to be atomic percent instead of weight percent [117], to some extent nullifying the
title keywords ’nickel-rich’. For instance, in one of the earliest comprehensive overviews on
process-structure-property relationships for NiTi in 2016 Haberland et. al. reported weight
percentages for constituent elements of Carbon, Oxygen, and Nitrogen to establish that the
chemistry met the ASTM standardized definitions for purity at that time, but the measured
Nickel and Titanium (and other potential) elemental chemistries for the feedstock powder
were not reported, making it impossible to accurately compare in atomic percent the chem-
istry reported by groups such as Ou et. al. in 2018 who reported Carbon, Oxygen, Nitrogen,
Nickel, and Titanium compositions for their feedstock. To accurately contrast the devel-
opment of process parameters across research efforts where different feedstock sources and
manufacturing methods were used, it is important to compare relative quality to determine
whether claimed defect mechanisms pertaining to feedstock impurities are consistent.
3.2 Investigation of machine parameters on defect populations
3.2.1 Parameter selection and optimization strategy
Despite several literature reports on the ‘optimal’ processing of Ni50.8Ti49.2 via L-PBF,
Ni51.5Ti48.5 has yet to be processed prior to this work. As such, preliminary parameters were
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Figure 3.4: Powder size distributions in as-received powders after EIGA atomization prior
to printing. Mean powder size markers denoted by ’x’.
chosen based on the ‘optimal’ parameters reported in literature for Ni49T i51 to Ni50.8Ti49.2
compositions, after compiling parameters for several papers published since 2012 on the
subject of AM NiTi produced via SLM or L-PBF. This research is compiled in the Appendix
A.1. As is evident from the table, often important values go unreported in literature making
comparison to the past work difficult.
As reported by several groups as an ‘optimized’ parameter set and having demonstrated
initially promising mechanical properties, a laser power of 250W, scan velocity of 1250mm/s,
hatch spacing of 120 microns, and layer thickness of 30 microns was initially chosen for pa-
rameterization. The parameterization values were chosen such that the three neighboring
data points to the reported optimal value took smaller increments than the more external
‘uncertain’ data points, in an effort to determine what happens as the reported process
window is exited. As additional parameters such as scan strategy, build plate preheating,
and stripe width were largely unreported in literature, initial parameterization builds were
not completed with bed preheating, a 67 degree rotating scan strategy was chosen, and an
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Figure 3.5: Differential Scanning Calorimetry (DSC) data for three different powder size
regimes, < 15µm (a), 15 − 45µm (b), and > 45µm (c) after atomization prior to printing.
‘infinite’ stripe width was used4. Following builds were conducted with 200◦C powder bed
preheating, but samples between builds completed with/without powder bed heating are not
compared for the sake of consistency (any exceptions to this case in the following section
will be explicitly detailed). All parts were printed in the same orientation (vertical). Several
geometries were evaluated including small/large cylinders, parallelpipeds, large cuboids and
tensile bars. While layer thickness is known to be an important parameter for controlling
energy input during fabrication, this would have added another layer of dimensionality and
was deemed out of scope for this analysis (and as such, was fixed at 30µm). This parameter-
ization space detailing the parameters for all samples produced is shown in Figure 3.10 and
Figure 3.11 in the following section after presenting the qualitative and quantitative metrics
on which samples were evaluated.
In builds with experimental parameter sets, chatter lines were observed mid-build in
addition to some samples (which exhibited substantial cracking) being forcibly removed
from the build plate by the recoater blade during passes. Chatter lines are known to be
the result of solidified parts contacting the recoater blade while it travels, resulting in a
4Note that stripe width largely becomes an important parameter for the scalability of different parameter
sets for larger part geometries, and as the initial builds consisted of small characteristic cylinders it was
deemed a less important parameter for the initial study to reduce the overall number of variables.
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forced ‘lifting’ effect. In the case of a carbon fiber brush, this results in permanent wear
of the bristles until the issue either subsides or contact is made with metal components
resulting in more detrimental crashing and machine stop. In this case, the issue subsided
and chatter lines became much less visible as the build progressed. This could be the result
of several (likely simultaneous factors), including residual stress cracking which forces z-
direction (perpendicular to the build plate) expansion, such that the samples extend upward
and protrude in to the path of the recoater, resulting in contact. Additionally, thermal
expansion and contraction with larger melt pool volumes may have resulted in ‘pooling’ to
occur at the edges of the samples, effectively acting as expansion in the z-direction or ‘upward’
direction, creating recoater blade contact. These issues are demonstrated photographically
in Figure 3.6.
Figure 3.6: EOS build chamber during a NiTi build of small cylinders, where chatter lines
can be seen caused by recoater contact with the samples (a), cracked samples being dragged
through the powder bed (b), and chatter lines resolving later in the build (c).
Samples were produced in high and low power regimes from 75-350W, high and low
speed regimes from 250-3500mm/s, and hatch spacing from 0.03-0.2mm comprising a VED
range of 33-267 J/mm3. This range was chosen to evaluate relationships between individual
machine parameters and resulting morphology/defect populations, in addition to comparing
geometric effects and transformation behavior regimes in as-built samples. A complete table
of each sample with parameters and geometry is provided in the Appendix A.2. Reports
from several sources in the literature have reported high laser power and scan velocity as
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critical to defect mitigation, in addition to overall build time reduction [20, 25]. However,
there is several sources in literature pertinent to AM NiTi specifically on machines with lower
laser power capabilities with defect-free parts reported [30, 32, 40, 94, 95, 118, 119]. For a
detailed list of these the reviewer is encouraged to reference Appendix A.1, in Table A.1. In
this work, excessive overmelting was observed in the high power samples (i.e., greater than
300W), which is shown in Figure 3.7. Overmelting is characterized by pooling of molten
metal near the sample boundaries, which effectively acts as extended height in the build
direction and is one of the phenomena which can lead to recoater blade chatter/contact and
machine crashing. This issue appeared to be compounded as a result of the sample geometry,
as the large tensile bars began contacting the recoater blade early in the build and had to be
stopped. The smaller tensile bars, parallelepipeds, and several of the cylinders proceeded to
build, but some of the cylinders with residual-stress induced cracking were forcibly removed
from the build plate due to recoater blade contact.
While larger geometries at high laser power caused more undesirable contact with the
recoater blade via overmelting (see Figure 3.7), similar effects resulted in smaller cylindrical
geometries which evidently subside as laser power and VED decrease, as shown in Figure 3.8.
On the opposite end of the spectrum, samples produced at low laser power over a wide range
of energy densities (69-167 J/mm3) were able to recover geometric precision at the expense
of an increase in periodic cracking and porosity observed for a variety of sample geome-
tries. Additional build images are provided in the Appendix A.3 depicting this behavior.
Defect formation is discussed and evaluated in the following section through various types
of microscopy.
3.2.2 Macroscopic defect populations and quality metrics evaluation
Through observation of samples on the build-plate it was clear that certain samples ex-
hibited more cracking, while others with less cracking appeared more oxidized on the surface
and overmelted. This cracking appeared to be periodic, changing with relative input en-
ergy and subsiding as VED increased. The samples were sectioned and imaged through
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Figure 3.7: Post build image of build showing evidence of overmelting in larger samples,
cracked samples which were removed from build plate, and completed tensile bars/paral-
lelepipeds/cylinders
optical microscopy to identify which process parameters or combination thereof had certain
correlations to the defects observed. To produce ‘quality’ samples (i.e., ones which could
exhibit superelastic tensile properties), it was first established that macroscopic and micro-
cracking should be eliminated, at which point a range could be established which minimizes
porosity, since it is known that techniques such as Hot Isostatic Pressing (HIP) can be used
to close small pores. While these defect mechanisms can be interdependent in the case of
lack-of-fusion porosity in conjunction with residual stresses, they are addressed as distinct
defect mechanisms in this work. Overmelting as a defect was of minimal concern initially,
given that geometric defects on large parts can typically be remedied through machining
or compensated by parameters in the smaller crack-free processing space. To compare the
multitude of samples across builds, one sample in each unique condition was sectioned, pol-
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Excessive cracking
Stopped due to overmelting 
causing contact with recoater
Figure 3.8: Post-build image of build containing 124 cylinders exhibiting a range of over-
melting and excessive cracking defect mechanisms, in addition to failure of some samples
due to recoater contact.
ished, and analyzed for cracking and porosity. A ‘quality’ value was assigned to each sample
individually, using the key listed in Figure 3.9. These categories were separated in to ‘sub-
stantial cracking & porosity’, ‘substantial cracking & minimal porosity’, ‘substantial porosity
& minimal cracking’, ‘minimal cracking & porosity’, ‘stopped mid-build’, and ‘broken from
recoater contact’. Samples constituting the optimal condition of ’minimal cracking & poros-
ity’ were observed as free of macroscopic cracking via optical microscopy, and free of pores
resolved with optical microscopy in the bulk of the material. Small pores near the edges of
the material were permitted as it has been found these can be mitigated through custom
scan strategies [19].
For conditions 0A and 0B, these samples were able to be recovered due to the precise
cutting capabilities of the EDM process, but were omitted from the crack/pore evaluation
given the height disparity compared to the samples which finished. Results from the quality
evaluation are demonstrated in a 3D plot (Figure 3.10) with variables of Laser Power (W),
Scan Velocity (mm/s), and Hatch Spacing (mm) unique to each sample to demonstrate the
processing space explored thus far, with size of each data point scaled by VED. Projections
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Figure 3.9: Quality metric table showing scale used for preliminary screening of as-built samples. Note that the first two
conditions (0A and 0B) depict samples which did not complete due to process issues while conditions 0-3 describe samples
which completed successfully.
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in to 2D space are also demonstrated in Figure 3.11.
Figure 3.10: Processing space evaluated based on quality, accounting for cracking and poros-
ity defects for 215 samples produced across 7 builds, with markers scaled based on VED and
colored according to the quality metric presented in Figure 3.9.
3.2.3 Sensitivity of defect mechanisms to individual processing conditions
It is clear that certain combinations of process parameters, or ‘regions’ of the processing
space demonstrate more consistent defect formation, influenced by different mechanisms. A
comprehensive sensitivity analysis is not possible without first presenting the apparent cor-
relation between defect formation mechanisms and individual processing conditions, where
then the current approaches to characterizing heat input (i.e., VED and normalized enthalpy)
can be evaluated based on their prediction of the aforementioned defect mechanisms. Given
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Figure 3.11: 2D Quality-based process maps for all samples produced.
the limitations associated with these metrics, phenomenological correlations are also devel-
oped to elucidate these mechanisms. Samples produced at low power and low speed for a
wide range of hatch spacing (from 0.5x to 2x the laser beam diameter of 100 microns) nearly
all exhibited substantial cracking and porous defects, from energy densities ranging from 60-
160 J/mm3. Typically in lower-energy regions of the processing space, lack-of-fusion porosity
is attributed as the mechanism which can lead to crack propagation if these porous areas
happen to fall on paths which the thermal expansion and contraction of each layer produces
stress. An increase in cracking at lower input energies is unsurprising, as reduction in laser
power and scan velocity results in longer layer time allowing more heat to dissipate between
layers, ultimately resulting in increased thermal cycling which is known to produce slip and
plastic deformation in Ni-rich NiTi leading to cracking [69, 120]. Upon further examina-
tion of these samples via optical microscopy, unmelted powder particles were observed with
porous defects ranging from < 5µm to > 50µm in diameter, but with no apparent correlation
to the cracking observed. This is clearly shown in Figure 3.12, where large periodic cracking
pervades the sample (produced at Peff = 100W , vs = 333m/s, and H = 0.145mm), but
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upon closer inspection of the cracked regions the pores do not fall anywhere along the crack
paths. The closest of the pores to the outer surface of the sample where the crack was
initiated is 10-20 microns from the surface, indicating that the potential concentrated stress
on any singular pore would be unlikely to prematurely initiate a crack. There appears to
be no correlation between the two defect mechanisms (cracking and porosity) in this case,
and (regardless) indicates a region of the process window unpromising for producing favor-
able mechanical properties. As such, this suggests that increased nickel-balance in the alloy
system results in substantially different high-rate solidification dynamics than lower-Ni alloy
systems reported in literature. As energy input is increased (i.e., laser power increased, scan
velocity decreased, hatch spacing decreased), lack of fusion porosity appears to cease across
the processing space. At very low hatch spacing and scan velocity (with corresponding high
power) porosity persists but in the form of keyholing instead of lack of fusion. Keyhole
porosity in a laser powder bed fusion process characteristically is presented as 25-35 micron
pores at the bottom of melt pools, which was apparent in optical microscopy images (See
Figure 3.12).
In most processing spaces, the energy-input area between lack-of-fusion and keyhole
porosity is the window in which fully-dense, defect free parts are built. It is possible a
very small range of parameters at low power (75-150W) and low speed (500-750mm/s) exist
where defect-free parts can be produced, but none were observed in this work. Provided
that the defect mechanisms responsible for cracking in these samples is largely driven by
thermal cycling, reduction in the temperature gradients even with long layer time would
likely result in mitigation. As such, higher power (>150W) was of more interest from a
parameterization perspective with the potential to widen the process window. When laser
power was increased, lack-of-fusion defects subsided and were replaced primarily with exten-
sive macroscopic cracking. Initially this cracking appeared to have a periodic correlation to
VED. As such, Average Normalized Crack Spacing (ANCS) was also evaluated, by measur-
ing spacing between individual cracks (considering the top and bottom of each sample as a
61
(a) (b)
Figure 3.12: In (a) a sample produced at Peff = 100W , vs = 333m/s, H = 0.145mm
(ωv = 69J/mm3) which clearly demonstrates the presence of uncorrelated lack-of-fusion
porosity defects with macroscopic cracking. In (b) characteristic keyhole porosity defect in a
high energy dense, low scanning velocity spacing sample. Build direction indicated by black
arrow in (b).
datum), where the average crack spacing could be calculated which was normalized by the
height of each sample along the known build direction. This was done for all 215 samples
produced across 7 builds. These results are demonstrated in Figure 3.13, where ANCS is
plotted against VED.
Based on these results, increasing input energy through adjustment of individual process
parameters can effectively reduce both cracking and porosity. When input energy is too
high, porosity in seen again in the form of keyholing, but there does appear to be a range
of parameters at which fully dense parts are possible. This was shown to be true for a
wide range of process parameters, ranging from less than 100 J/mm3 to greater than 250
J/mm3. This is a testament to the deceiving scalability of VED as an energy input metric,
where certain parameters can effectively increase or decrease the relative energy input, even
for the same VED. This is largely due to there being no relationship between the VED
parameter and layer time, which changes dramatically for different processing conditions
and/or geometries at the same VED. For example, shown in Figure 3.14, Figure 3.29, and
62
Figure 3.13: Change of average crack spacing normalized by sample height vs. VED, with
sample quality denoted by marker color
Figure 3.16 are optical micrographs for different samples of the same geometry produced
at the same VED. Shown in Figure 3.15 is the corresponding layer time for each sample,
calculated for cylindrical geometries with the relationship 3.1, where r denotes the radius of
the cylinder and x is a linearly spaced vector with length determined by the hatch spacing
(h). Scan velocity is denoted by vs Plotted also in this figure is the corresponding total








, nt = [0 : r/h : r] (3.1)
It is clear that defect population changes dramatically on a macroscopic scale with indi-
vidual processing conditions independent of VED. Generally, it is clear that the total number
of cracks in each sample decreases with layer time for each part. As indicated by the sample
ID, ’F’ prefixes indicate samples specific to one build while ’G’ prefixes indicate belonging
to another build, which are included such that references can be made across figures which
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include similar samples. The total layer time for all parts in these builds respectively are
approximately 81 seconds (G) and 234 seconds (F) disregarding re-coating time since it is
generally the same across builds. This is an important comparison because it signifies that
total build layer time is a less predictive metric than individual layer time, and suggests
that the heat transfer for large thermal gradients leading to large crack formation occurs on
timescales less than or equal to the individual part layer time rather than the total layer
time for all parts in a build.
Figure 3.14: Comparison between optical micrographs for unetched samples at constant (133
J/mm3) VED and geometry for different processing conditions
The most notable feature change observed is the dynamic distribution of macroscopic
cracking, which appears most prevalent at the lowest laser power/scan velocity (75 W/
250mm/s). This is consistent with observation in literature of similar martensitic phase
transforming alloys [20], except the hypothesis in the cited literature appeared to assume
an inherent correlation between scan velocity minimization and increasing energy input to
cause additional carbide formation leading to embrittlement, which is not necessarily the
case here as compensation via other process parameters can cause variation depending on
the heat input metric used. Additionally, a high concentration of macroscopic pore formation
in the range of 5-60 microns were observed, likely as the result of weld pool instability (i.e.,
keyholing) due to excessive melt pool depth. This feature was clearly mitigated through
64
Figure 3.15: Layer time for constant VED and geometry for different processing conditions,
plotted in order of increasing scan velocity (refer to Figure 3.14 for specific process parame-
ters.
proportionally increasing laser power and scanning velocity, despite crack formation being
relatively constant above 75W laser power and 250mm/s scanning velocity. Crack formation
consistency across a wide range of processing conditions suggests that the phenomena is more
sensitive to geometric effects such as sample height and cross sectional area, although it is
possible that oxide formation and secondary phase presence could be a contributing factors.
This is further demonstrated in another comparative chart Figure 3.17 demonstrating the
observed differences in defect population for the same VED and similar processing conditions
for different sample geometries.
This effect of increased cracking with cross sectional area for the same processing con-
ditions is also visualized in Figure 3.20, where all samples produced are plotted with layer
time versus volumetric energy density, with color scaled according to the Average Normalized
Crack Spacing. It is apparent from this visualization that in the case of smaller cylinders
with inherently lower layer time based on the cross sectional area, the energy density thresh-
old for which quality samples can be produced is much lower than it is for larger cylinders
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Figure 3.16: Comparison in grain characteristics for three samples with the same laser power.
On the left, a low VED sample depicting small columnar grains. In the middle, a medium
VED sample showing the transition to large columnar grains. On the right, a high VED
sample depicting another transition to ’wavy’ grains.
with inherently higher layer time. Despite the influence of geometry and presence of macro-
scopic cracking across builds, it was determined that this defect can be managed across a
variety of processing conditions and geometries. Samples produced at laser power below 150
W exhibited both macroscopic cracking and keyholing, although the two appeared to be
uncorrelated as increasing relative VED reduced crack density while porosity distributions
remained relatively constant. To maintain the same relative VED at low laser power (and
the same hatch spacing/layer thickness), scanning velocity must be comparatively decreased
which could very well have contributed to persistent melt pool instability leading to the
increased porosity compared to higher laser power/scan velocity, as in the latter case fluctu-
ations in the liquid melt pool have less time to perturb and trap shielding gasses. At higher
laser power (300-350W), samples appear to preserve density at the expense of geometric
tolerance. Substantial overmelting occurs in this case which led (for many samples) to stop-
ping mid-build or recoater blade contact. This overmelting remained present in mid-power
samples ( 250W), although these conditions appear to best-preserve sample quality with min-
imal porosity and overmelting. Samples in each condition can be found in Figure 3.18 and
Figure 3.31. It is worth noting, however, that the trade off which appears eminent between
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Figure 3.17: Comparison between optical micrographs for unetched samples at constant (133
J/mm3) VED and processing conditions for different geometries
low-power porosity and geometric stability vs. high power sample density could largely be
application dependent. For preservation of intricate geometric features, it is possible that a
technique such as HIP could be used to close pores while maintaining geometric tolerance
and reducing the risk of build failure due to recoater contact. For larger parts where the HIP
process (which includes a necessary heating step, hence the ‘hot’ in ‘hot isostatic pressing’)
may have undesirable microstructural effects it could be possible post-process via EDM or
laser cutting. The effects of varying process parameters across geometry mid-build were not
evaluated in this work, although it is possible that low and high power ‘optimal’ parameters
could be combined such that lower power is used in edge regions or laser turnaround to reduce
overmelting where keyholing is typically present anyway, while higher laser power/speed is
used mid-sample to improve build time, reduce keyholing, or produce intentional anisotropy.
A similar technique was used in work by [19] where keyholing was eliminated through laser
power reduction at turnaround points, verified through optical microscopy and in-situ x-ray
diffraction.
67
Figure 3.18: Comparison between optical micrographs for un-etched samples which did not
exhibit macroscopic crack formation at different energy densities, processing conditions, and
geometries.
In prior discussions presented in AM literature, ’residual stress cracking’ and ’delamina-
tion’ are often attributed as the relatively macroscopic mechanisms resulting in part warping
and cracking as was seen in many of the AM NiTi samples. In other alloy systems it has
been discussed that other mechanisms such as hot cracking and hot tearing accompanied by
elemental segregation during solidification aid in these effects. However, the crack formation
mechanisms in NiTi appear to be driven by a combination of thermal stresses and composi-
tion controlled embrittlement. This cracking was shown to be mitigated macroscopically as
a result of lower part layer time, higher laser power (also VED), and smaller part geometry,
all of which ultimately result in smaller local thermal gradients throughout the parts. While
the technology to locally monitor these thermal gradients in 3D space in-situ with sufficient
spacial and temporal resolution doesn’t currently exist, the resulting effects can be seen
microstructurally in the form of dislocation forests in samples which have exhibited peri-
odic cracking. Bright-Field Transmission Electron Microscopy (BF-TEM) was conducted to
compare the microstructure of parts produced at low VED (and long layer time) versus high
VED (and low layer time). It was found that dense dislocation forests developed to accom-
modate apparent thermal stress induced deformation in low VED samples with macroscopic
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Figure 3.19: Comparison between layer time and normalized layer time (by sample cross
sectional area) for samples which did not exhibit macroscopic crack formation at different
energy densities, processing conditions, and geometries. Specific processing conditions for
each sample ID can be found in Figure 3.18
cracking which were annihilated in the high VED samples, as demonstrated in Figure 3.21.
3.2.4 Microscopic defect formation mechanisms
In addition to macroscopic evaluation of residual stress cracking cracking and keyhole
porosity via OM and TEM, SEM was used to identify microscopic instances of these fea-
tures and additional defects. It was found that across samples with both macroscopic crack-
ing and apparently ‘fully dense’ samples for a wide variety of processing conditions, energy
densities, and geometries, microscopic defect presences could be detected providing further
insight to the formation mechanisms which might exist. These microscopic defects primar-
ily took the forms of microcracking and micro-porosity, and although inclusions may have
existed they were not clearly identified in this analysis. Micro-cracking was found to exist
in several samples at the edge propagating inward. While the non-planar nature of these
cracks cannot be fully elucidated without relevant XCT analysis, the existence of similar
69
Figure 3.20: Layer time versus Volumetric Energy Density (VED) for as-printed samples
with color scaled for two unique geometries by the average crack spacing for each sample
normalized by the sample height.
microscopic cracks existing on the edge of the sample with minimal propagation inward for
several geometries and processing conditions suggests that these cracks are indeed initiating
at the surface of the sample as opposed to nearby but internally. Internal cracking (i.e.,
cracking independent of sample edges) was not found in SEM micrographs of any samples
examined. Common instances of such cracks in other alloy systems include either character-
istically vertical ‘hot-cracking’ typically found in melt pool centers due to low-solidus alloy
segregation or horizontal across grain boundaries or weld pools without originating from the
surface. This edge-initiating microcracking can be clearly seen in a sample which via optical
microscopy appears to present no macroscopic cracking in Figure 3.22:
Additionally, similar high-magnification images clearly demonstrate how surface-initiated
cracks appear to not follow melt pool boundaries, grain morphologies, or additional defect
populations such as keyhole porosity. Based on these findings, which were verified for a
variety of processing conditions and geometries, the hypothesis that residual stress induced
cracking is the primary mechanism with more attribution to overall part geometry in con-
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Figure 3.21: Optical Microscopy and Bright-Field TEM demonstrating presence of dense
dislocation networks at lower energy density and lack of dislocation networks at high energy
density. White arrows in image indicate build direction.
junction with particular process parameters rather than microstructural features or melt
pool geometry is supported. This is promising from a material development perspective
because it implies that cracking can be eliminated without necessary correlation to grain
morphology or melt pool geometry, and intentional textural changes in the alloy system
could still be exploited for purposes of functional grading. This phenomena can be clearly
seen in Figure 3.23:
Several sources have attributed generic ’impurities’ as root cause for the existence of
macroscopic cracking in AM NiTi [83, 93, 121, 122]. Additionally, these defects have been
attributed to surface roughness effects causing stress concentrations on the surface [93, 122].
While the nature of surface roughness as a stress concentration mechanism isn’t explicitly
analyzed, the findings in this work are contradictory in the sense that over a much more
comprehensive range of energy densities and individual processing conditions than studied
previously, poorer surface finish as a result of increased VED and laser power more often
resulted in crack minimization, which is attributed to the reduced thermal gradients leading
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Figure 3.22: Three different scales of the same image showing (a) no cracking, (b) clear mi-
crocracking a few microns from the surface, and (c) microcracking which appears to intersect
and pass through a pore.
to local stresses and dislocation production. This analysis has shown thus far that impurities
alone (i.e., oxide and carbide formation on the surface) and surface finish on AM NiTi
are not inherent mechanisms themselves, although they are likely contributing to the local
stresses leading to crack nucleation in conjunction with thermal stress induced deformation
and embrittlement due to increased Nickel composition. Oxygen analysis was performed to
characterize impurity formation in the as-built samples, using LECO Oxygen analysis and
Electron Dispersive X-Ray Diffraction (EDX). The results of the Oxygen analysis indicted
insubstantial changes in Oxygen pickup in as-built samples with increased VED, with a
0.05-0.07 at% increase for all samples from the powder feedstock used (see Figure 3.24).
This is expected given that the EOS platform used is certified to 1000ppm Oxygen
[21]. The formation of the Oxygen in the system was characterized with STEM-EDX on
a sample with extensive macroscopic cracking, as demonstrated in Figure 3.25. There was
no evidence of segregation along grain boundaries, although clustering indicates potential
Ti4Ni2Ox oxides on the order of 20−50nm scattered throughout the sample. Although small,
it is possible these titanium-rich oxide phases raised the relative nickel composition in the
matrix contributing to local embrittlement as an added mechanism leading to macroscopic
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Figure 3.23: High-magnification optical microscopy near crack tip showing how cracking
propagates stochastically through grains and weld pools.
Figure 3.24: LECO Oxygen analysis depicting similar oxygen content across samples pro-
duced at multiple energy densities.
cracking.
Other crack formation mechanisms notorious in AM processes can be further eliminated
through EDS analysis, as shown in Figure 3.26. In characteristic hot-tearing, elemental
segregation can cause discrepancy in the solidification rates across a melt pool, where so-





Figure 3.25: STEM-EDX image depicting nano-oxides observed in low VED (46.3 J/mm3)
sample, where clusters are denoted by dashed white circles
separated. EDS analysis on a specimen which exhibited substantial periodic macrocracking
demonstrates the lack of primary elemental segregation in and around the cracked region.
As such, contribution of substantial rutile oxide or Ni-oxide phases to crack formation are
unlikely compared to the influence of other effects.
As energy density is further increased to 267 J/mm3, the presence of secondary phases
such as oxides and intermetallics is apparent as shown in Figure 3.27. The oxides observed
in this case are on the order of 100-200nm in size, with large dendritic secondary phases
exceeding 2 microns.
3.2.5 Investigation of additional defect mechanisms
It is clear that as input energy is increased (as a result of increasing laser power, decreasing
scanning velocity, or decreasing hatch spacing) ‘overmelting’, or geometric instability can
occur. This is demonstrated through measurement of sample diameter for samples with
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Figure 3.26: EDS analysis near cracked region of a sample produced with low VED depicting
no macroscopic elemental segregation near crack boundary.
the same nominal geometry (1cm diameter x 1.5cm long cylinders), plotting the difference
between nominal diameter and actual diameter against VED (Figure 3.28). In the highest
VED condition (267 J/mm3) overmelting reached nearly 7% of the nominal volume.
This phenomena is characterized both by poor surface finish in addition to substantial
protrusion from the part surface. This, in conjunction with mid-build crack formation is
likely the reason for samples contacting the recoater blade and breaking from the build
plate during the build process. For samples which don’t exhibit cracking, this can result
in recoater contact which has the potential to damage the machine and introduce potential
defects to other samples through inhibiting equal powder spread in the areas downstream.
In an as-built state, defects of this nature also inhibit one of the most desirable features for
AM processes, formation of intricate features with complex geometries and curvatures.
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Figure 3.27: (a) BF-TEM image of NiTi produced at high energy density depicting oxide
and secondary phase formation. (b) a higher magnification BF-TEM image depicting a large
secondary phase rich in Ti, Ni, and Ox, with corresponding STEM-EDX mapping depicted
in (c) through (f).
3.3 Process-structure-property relationships in as-built samples
3.3.1 Grain morphology in chemically etched as-built samples
Optical microscopy was conducted on as-built samples after etching to identify corre-
lations between different processing conditions and resulting grain morphologies. Demon-
strated in Figure 3.14 are differences in the grain morphologies for samples produced at
constant VED (133 J/mm3) and geometry (10mm diameter cylinders) for different combina-
tions of processing conditions. It is clear macroscopically that grain morphology appears to
shift dramatically independent of energy density, with high laser power increasing the rela-
tive grain size. Additionally, columnar grain structures are observed in nearly all conditions,
generally growing with both laser power and energy density. Grain size (length and width)
are tabulated for each condition in Figure 3.30 where 100 grains for each sample were exam-
ined. The trends here are very clear, with average grain length increasing almost an order of
magnitude from the low power end of the processing space (75W) to the high end (350W).
Linearly fitting the length data produces a change in grain length of approximately 5µm per
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Figure 3.28: Overmelting determined via tolerance difference in sample diameter vs. VED
added watt of laser power, compared to approximately 1µm per watt for grain width. The
increasing aspect ratio in this case is characteristic of increased part temperatures through-
out the build process as a result of increasing energy density which has been observed by
several sources in the development of L-PBF processing conditions for new alloy systems
[36, 118, 123, 124]. While this transition has been observed in previous work on AM NiTi
[87, 99, 118], the average grain lengths and widths observed in this work are substantially
larger. This is attributed in part to the increased volume compared to samples typically
investigated in AM NiTi, where at a relatively high VED thermal profiles are minimized and
interlaminar grain growth is more likely to occur. This is further illustrated examining the
grain structure for a variety of samples which did not exhibit macroscopic cracking, where
a more Ni-rich microstructure requires more thermal stability (resulting in generally larger
grains) than what has previously been reported in literature for less Ni-rich alloy systems.
Demonstrated in Figure 3.31 are differences in the grain morphologies for samples with
varying VED, processing conditions, and geometries which were not found to exhibit macro-
scopic residual stress cracking.
From the optical images alone it is clear that a wide range of grain characteristics are
observed across the processing space, with primarily columnar growth which coarsens with
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Figure 3.29: Comparison between optical micrographs for etched samples at constant (133
J/mm3) VED and geometry for different processing conditions
increased energy density. As demonstrated in Figure 3.19, the wide range of processing
conditions used resulted in layer time varying from less than 0.5 seconds to 2.75 seconds in
the larger samples. Average grain length and width was tabulated for these samples based
on measurements for 100 grains for each measurement, and is demonstrated in Figure 3.32
Since it has been determined that energetic input required to eliminate macroscopic cracking
is dependent on thermal distribution control which scales with geometry, it is unsurprising
that relative grain size for samples with minimal defects scaled as well. Evident from these
results is the characteristic that increased laser power can be used to effectively increase
energetic input which can minimize thermal gradients if VED is sufficient, but at lower VED
has the potential to create more instability through increased thermal gradients. This is the
reason large geometry samples printed at high laser power (i.e., G1 and G2) experience a 4x
increase in grain length and a nearly 2x increase in grain width compared to those produced
with smaller geometry and lower VED/power.
In addition to varying grain size distributions which could affect thermomechanical per-
formance, chemical analysis reveals additional characteristics observed in these samples.
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Figure 3.30: Grain length and width vs. input laser power for samples printed at the same
VED and different geometries. Grain statistics were averaged from 100 grains per sample.
3.3.2 Chemical analysis in as-built samples
Based on the ICP analysis conducted for samples at a wide range of VED, upwards of 0.5
at% Ni was vaporized compared to the powder feedstock corresponding to a potential 150
degree change in the transformation temperature for alloy systems initially greater than 51
at% Ni, as shown in Figure 3.33 [125]. Curiously, while vaporization from powder feedstock
at low energy densities (sample A6 and B6) was relatively consistent, there existed nearly a
0.1% variance in samples with similar VED and layer time with similar processing conditions.
This is a testament to the sensitivity of the effect individual processing conditions can have
on chemical properties which change dramatically the thermomechanical response. While
there has been studies effectively demonstrating functional grading in as-built components
[18, 20, 30, 126], a much more comprehensive composition analysis accounting for geometric
and microstructural effects is necessary before functionally graded AM NiTi components can
be predictably designed.
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Figure 3.31: Comparison between optical micrographs for etched samples which did not
exhibit macroscopic crack formation at different energy densities, processing conditions, and
geometries.
Regardless, it is known that substantial Ni vaporization and secondary phase formation
during the printing process can have an effect on the transformation behavior. This was
further characterized through DSC analysis in as-built samples for a range of VED and laser
power, which was shown to shift the transformation temperatures by 35 degrees from low
VED to high VED. These DSC results are tabulated in Figure 3.34, with VED vs. Ms
temperature shown in Figure 3.35.
3.3.3 Transmission Electron Microscopy (TEM)
The microstructural features in the as-built samples were further evaluated through TEM,
specifically diffraction analysis and High-Resolution TEM (HR-TEM) to identify precipitate
and secondary phases. In low VED as-built samples, nucleation of Ni4Ti3 nanopreciptiates
was observed in addition to the dense dislocation structure (Figure 3.36). Because of the
small size and volume fraction, precipitate size could not be calculated as the precipitates
were incapable of being resolved using Fast Fourier Transforms (FFT’s) of the HR-TEM
micrographs.
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Figure 3.32: Grain length and width vs. input laser power for samples in a variety of
processing conditions and geometries which did not exhibit macroscopic cracking. Grain
statistics were averaged from 100 grains per sample.
As VED is increased from 40 J/mm3 to 133 J/mm3, decreased thermal gradients pro-
mote a much more sparse dislocation structure, as demonstrated in Figure 3.37. Precipitation
structures do appear to be preserved however, with characteristic 1/7 < 321 > superreflec-
tions observed in the SAED along the [001] zone axis shown in the upper right inset of
Figure 3.37 (a). These precipitates appear to be relatively low volume fraction based on the
intensity of the superreflections. A higher magnification image in Figure 3.37 (b) depicts
lens-shaped Ni4Ti3 heterogeneous precipitation along a grain boundary, with average length
measuring 22± 4nm, average width measuring 12± 2nm, and interparticle distance measur-
ing 64±68nm. The relatively high standard deviation in interparticle distance demonstrates
the inconsistency of these precipitates (e.g., large portions of the grain boundary showed
no precipitation), which could account for the relatively low volume fraction and corre-
sponding faint superreflections observed. Similarly to the low VED condition, homogeneous
intergranular precipitation was unable to be resolved using a live FFT of the HR-TEM mi-
crographs, indicating that presence of them (if any) constituted only a low volume fraction.
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Figure 3.33: ICP-AES analysis results for as-built samples at low VED and high VED
compared to powder feedstock
Contrasting the low (133 J/mm3) VED and medium (133 J/mm3) VED conditions, it is
apparent that two unique precipitation mechanisms are responsible for the varying as-built
microstructures. In the low VED condition, dense dislocation structures appear to promote
homogeneous precipitation of Ni4Ti3, likely as a result of the thermal cycling present in the
AM process which could provide the driving force for clustering and diffusion based kinet-
ics which drive precipitate generation. In the high VED condition, it has been established
that a reduction in overall thermal gradients which accompanies the reduction in layer time
results in a more sparse dislocation network due to the reduced thermal stress present in
the manufacturing process. Both dislocations and grain boundaries can act as preferential
sites for atomic clustering and precipitate generation. However, it appears the reduction in
thermal stress (which is necessary to produce crack-free macrostructures) reduces the dislo-
cation surface energy such that precipitation is preferred along the grain boundary in the
medium VED condition.
82
Figure 3.34: DSC analysis on as-built samples showing clear evidence of nickel vaporization
in high VED samples due to increased transformation temperatures.
Further increasing the VED to 267 J/mm3 results in an even more sparse dislocation
structure to the contrasted 40 J/mm3 and 133 J/mm3 cases, as demonstrated in Figure 3.38.
Precipitation structures were observed although in a low volume fraction determined by the
faint 1/7 < 321 > superreflections in the SAED along the [001] zone axis which is shown
in the upper right inset of Figure 3.38 (a). Also apparent from the BF-TEM image is the
presence of dendritic secondary phase formation which is shown in detail in the HR-TEM
image in Figure 3.38 (b). Generally this secondary phase precipitation is unsurprising given
that higher volumetric energy density results in higher, more uniform temperatures during
the build process (which allows more deformation to be accommodated and less thermal
stress leading to cracking), and necessarily more time and energy for the kinetics leading
to secondary phase formation to develop. This is particularly significant for oxide and
intermetallic phase formation, where in the former case more time is provided for oxygen
to be absorbed during the build process. These phases tend to be undesirable on the basis
of thermomechanical performance, particularly in fatigue, so the consequence of additional
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Figure 3.35: Martensite start temperature variance plotted against VED for samples pro-
duced at high laser power.
oxygen absorption and secondary phase formation should be accounted for if higher energy
densities (or higher part temperatures) are used for larger geometries to eliminate thermal
stress cracking.
3.3.4 Phase transformation response via stress cycling
The stress response was characterised for as-built samples at optimal (macroscopically
crack-free) conditions via elevated temperature monotonic compression testing, with response
demonstrated in Figure 3.39. A ’ratcheting’ strategy was used where the stress increment
was increased by 200 MPa each cycle up to 1 GPa. After five cycles a total irrecoverable
strain of near 0.8% was observed with 2.2% stabilized recovered strain. The low-elongation
observed in this response is characteristic of enriched Nickel composition in the material,
along with the brittle failure mode observed. Superelasticity and/or reorientation was not
clearly observed based on these responses, likely due to the high temperature environment
during testing which would necessitate transformation/reorientation stresses substantially
higher than the apparent yield or fracture stress of the material to initiate, based on the
low Ms reported for the same VED processing conditions (see Figure 3.35 and Figure 3.34).
This response prompted the development of post-process heat treatments which could induce
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Figure 3.36: Conventional BF-TEM image of AM NiTi produced with low (40 J/mm3) VED.
Corresponding SAED along [111] zone axis is shown on the upper right inset. Note that the
dots along the dashed line with 1/7 < 321 > segments mark the faint superreflections in B2
matrix indicative of Ni4Ti3 precipitates.
precipitate strengthening such that cyclic plasticity could be minimized. Additionally, post-
process heat treatments which could induce Nickel-rich precipitates such as Ni4Ti3 could
be used to reduce the transformation stresses in the material (and subsequently raise the
transformation temperatures).
3.3.5 Production of AM Ni51.5Ti48.5 summary
Through this processing study on Ni51.5Ti48.5 produced via L-PBF AM, several key mile-
stones were achieved. First, several builds were completed systematically to determine the
optimal processing conditions for this new alloy system and to broadly characterize the
resulting microstructures and thermomechanical response compared to previously studied
AM Ni50.8 (and lower Ni compositions). It was found that while quality samples could be
produced in several geometries with large cross sectional areas including cylinders, cuboids,
parallelepipeds, and tensile bars, the ’process window’ for this more Ni-rich alloy system was
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Figure 3.37: (a) Conventional BF-TEM image of AM NiTi produced with medium (133
J/mm3) VED. Corresponding SAED along [001] zone axis is shown on the upper right inset.
In (b), a higher magnification BF-TEM image depicting heterogeneous Ni4Ti3 precipitation
along the grain boundary, depicted by the white dashed line marked GB.
much narrower and sensitive to individual process parameter combinations than what has
been observed previously. Through evaluating parts on the bases of layer time and volu-
metric energy density, it is clear that minimizing layer time through various combinations
of processing conditions, in conjunction with sufficiently inputting enough energy are criti-
cal to maintaining sufficiently high part temperatures such that thermal stress cracking can
be absolved. Despite prior discussions in literature on crack nucleation being a result of
secondary phase formation, it was generally found that higher VED results in crack mini-
mization, although this is limited by the overmelting which occurs particularly when laser
power is increased.
The mechanism for this thermal stress cracking was further characterized through TEM
analysis where it was observed that increasing VED results in the annihilation of dislocation
structures indicative of less thermal stress throughout the build process. At the highest
energy density conditions examined (267 J/mm3), it was found that dislocation annihilation
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Figure 3.38: (a) Conventional BF-TEM image of AM NiTi produced with high (267 J/mm3)
VED. Corresponding SAED along [001] zone axis is shown on the upper right inset. In (b),
an HR-TEM image depicting secondary phase formation.
was accompanied by secondary oxide and intermetallic phase formation. Across an energy
density range of 50-100 J/mm3, a maximum of 0.5 at% Ni was evaporated. While this sort
of evaporation magnitude should correspond to a substantial several hundred degree change
in the transformation temperature, a mere 30 degree change was observed across an even
wider range of energy densities. This is attributed to the increased formation of Ti-rich
oxide phases as energy density is increased, effectively raising the bulk Ni-composition of the
matrix.
For this higher-Ni composition alloy system, the selection of process parameters (and
VED) is largely dependent on the geometry, and it is recommended that layer time be eval-
uated in conjunction to obtain relatively similar thermal histories for different geometries to
result in consistent microstructures. Given that all of these competing factors (defect forma-
tion, transformation, oxidation, etc.) are dependent on the thermal history of parts during
the production process, it is clear that accurately controlling these factors will continue to
be limited to poor proxies for input energy and cooling rate such as VED and layer time
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Figure 3.39: Cyclic compression test data for as-built AM NiTi demonstrating functional
fatigue and embrittlement due to enriched Nickel composition.




DEVELOPMENT OF HEAT TREATMENTS TO PRODUCE MECHANICALLY
STABLE SUPERELASTICITY IN ADDITIVELY MANUFACTURED (AM)
NICKEL-TITANIUM (NITI)
While certain combinations of machine parameters have been shown to produce superelas-
ticity (in compression) in as-built parts for lower Nickel composed alloy systems [83, 87, 98],
the thermal stability required to eliminate cracking produces a microstructure which re-
quires precipitate and secondary phase strengthening to produce functional superelasticity
in Ni51.5Ti48.5. This is achieved through post-process heat treatments, the effects of which
have been extensively studied for wrought NiTi [74, 104, 117, 127, 128]. Secondary phase
precipitation is known to occur in a successive or sequential fashion, with initial precipita-
tion of Ni4Ti3 which transforms to Ni3Ti2 and further to NiTi3. This ageing behavior is
demonstrated for a Ti-52Ni alloy system in Figure 1.10. In an effort to demonstrate high-
temperature superelasticity in Ni-rich AM NiTi, an extensive heat treatment parameteriza-
tion study was conducted with evaluation via microscopy and thermomechanical response.
These heat treatments were conducted on high-quality samples inspected using optical mi-
croscopy, which were produced under the conditions detailed in Table 4.1. Since it has
been determined that geometric conditions have visible effects on the as-built microstruc-
ture despite having the same processing conditions, specimens were primarily produced from
a parallelpiped by sectioning in to smaller ( 4mm cuboids) for evaluation. Any conditions
which were evaluated from a different geometry will be explicitly stated.
4.1 Heat treatment parameterization strategy
The individual effects of heat treatment temperature, time, and step-wise effects were
evaluated using DSC and thermomechanical testing, with further evaluation via TEM for
samples and conditions which exhibited unique responses. Demonstrated in Figure A.1
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Table 4.1: Heat treatment study sample printing parameters.
Parameter Value
Laser power (W) 300
Scan velocity (mm/s) 1250
Hatch spacing (mm) 0.06
VED (J/mm3) 133
Stripe width Infinite
Scan strategy Rotating 67 degree
Geometry Parallelepiped, tensile bar, cylinder
in the appendix is the full parameterization strategy which encompassed a wide range of
temperatures from 200◦C to 600◦C with ageing time from several minutes to several days.
For brevity this is demonstrated in Figure 4.1 and Figure 4.2 for 1 and 2-step heat treatments
respectively.
Figure 4.1: One-step heat treatment sample test matrix with each unique sample depicted
by black dots.
Several similar heat treatment conditions have been evaluated in prior AM NiTi litera-
ture, although they are frequently proceeded by a solutionizing step prior to ageing which
has been reported to increase strength and improve superelastic response at the expense
of decreased recoverable strain [86, 87]. Solutionizing treatments are typically used to dis-
solve secondary phases back in to the matrix and annihilate dislocations in the case of
cold-working, effectively acting as a ’reset’ for the material prior to ageing [129]. As such,
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Figure 4.2: Two-step heat treatment sample test matrix with each unique sample depicted
by black dots.
solutionizing heat treatments were eliminated for two reasons. First, decreasing the com-
plexity of these post-processing steps is desired to reduce cost and time associated with
manufacturing from a commercialization perspective. Second, major secondary phases such
as Ni4Ti3 were not identified in the TEM analysis conducted on as-built samples in the con-
ditions which were subjected to heat treatment, and it has been shown in several previous
studies that the homogeneous dislocation structure present in AM parts can act as nucle-
ation sites for homogeneous precipitate distribution [13, 72] which can be used to improve
functional performance. For both of these reasons, solutionizing steps were not included in
this study.
4.2 Pre-age heat treatment effects
4.2.1 Pre-age Kinetics Overview
pre-aging is a term used to characterize a low-temperature heat treatment step prior to
a typical high-temperature age which has been shown to produce homogeneous precipitate
distributions only previously achieved through thermal or stress cycling prior to ageing [72].
Since thermal/stress cycling as-built AM parts prior to ageing is often impractical, pre-aging
is an alternative which can be used to achieve high-performance AM components. pre-aging
has been studied for both NiTiHf and Ni-rich NiTi alloy systems, which was used to determine
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a 200◦C 12h pre-age step for the AM NiTi studied here. It is generally accepted for Ni-rich
NiTi that 350◦C is the minimum ageing temperature which can be used to produce Ni4Ti3
precipitates [74], so a reduced temperature of 200◦C for 12h was chosen for this study, with
pre-aging time similar to work conducted by Amin-Amadhi et. al [130]. Additional work
conducted by Shamimi et. al. on the effects of extended low-temperature aging on NiTi
alloy systems has demonstrated similar successes with more mechanically stable duty cycles
achieved through extended pre-aging.
4.2.2 Microstructure and thermomechanical effects
Following the prescribed pre-aging step of 200◦C for 12h which was air cooled to room
temperature, conventional bright-field and high-resolution transmission electron microscopy
were used for microstructural characterization. In addition, DSC was used for thermal analy-
sis to identify expected phases prior to imaging. Figure 4.3 demonstrates these results, where
it can be seen that at the TEM chamber temperature of roughly 25◦C the microstructure is
expected to be mostly B2 austenite. Based on the DSC analysis, the transformation tem-
peratures on cooling appear to have slightly shifted to a higher temperature which typically
signifies a decrease in bulk Ni composition relative to the as-built condition.
This hypothesis is verified through TEM investigations shown in Figure 4.4, where ho-
mogeneous intergranular Ni4Ti3 precipitation is observed in the form of plate-like nanopre-
cipitates on the order of 8.1±2.2nm with a sparse distribution, measured in HRTEM images
with an interparticle distance of 20.8 ± 3.7nm. Precipitate clustering was observed, where
precipitates were not observed in some regions on the sample while others had more dense
clustering, so the reported interparticle distance does not necessarily account for the entirety
of these regions which lacked precipitation. Additionally, slightly tilting from the [111] zone
axis produces periodic diffuse intensity distributions in reciprocal space seen on the SAED
pattern5 shown on the inset in Figure 4.4 (a). This is indicative of short-range order in the
5From this point forward in the thesis, the labeling used to indicate the zone axis for the Ni4Ti3 trigonal
structure will be noted as [111]Ni4Ti3 , and similarly rhombohedral R-phase will be noted as [001]R−phase in
the FFT images used to identify precipitates and R-phase in the HRTEM images.
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Figure 4.3: Differential Scanning Calorimetry (DSC) analysis on pre-aged (200◦C 12h) AM
NiTi sample compared to as-built sample produced under the same conditions, where the
vertical dot-dash line indicates the TEM chamber temperature of 25◦C.
real-space lattice. Similar patterns have been reported in binary Ni50.6Ti49.4 after extended
low-temperature ageing which were ascribed to small domains of nickel clusters typically
precursor to full Ni4Ti3 nanoprecipitate formation [130, 131]. The observed local distortions
in the HRTEM image could be due to an existence of local strain fields resulting from Ni
clustering. In addition, it appears that pre-aging coarsened the previously formed hetero-
geneous precipitates along grain boundary interfaces, as larger lens-shaped precipitates are
observed in Figure 4.5. Lenticular precipitate formation near grain boundaries (e.g., het-
erogeneous precipitation) is commonly observed in Ni-rich NiTi, typically as an unintended
result of high-temperature aging as these precipitates have little effect on thermomechanical
performance although they do deplete the matrix of Nickel. This heterogeneous precipitate
formation suggests that lower temperature heat treatments could further be explored to
result exclusively in homogeneous intergranular nanoprecipitation. Following, the resulting
effect of a second heat treatment step in the temperature conditions of 400◦C, 450◦C, and
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500◦C for various times was examined. Particularly, it was of interest whether precipitate
coarsening would be observed exclusively or whether activation energies would promote nu-
cleation of new precipitation structures, as was observed recently in Ni51.5Ti48.5 single crystals
with multi-step heat treatments by Timofeeva et. al.[132].
Figure 4.4: (a) Conventional BF-TEM image of AM NiTi after pre-aging at 200◦C for 12h.
Corresponding SAED along [111] zone axis is shown on the lower left inset. Corresponding
SAED tilted slightly from [111] axis shown in upper right inset. (b) HRTEM micrograph
along [111] zone axis of same condition as (a). Corresponding FFT of region (c) shown on
lower left inset.
4.3 Two-step heat treatment effects
4.3.1 Thermomechanical responses
After the second step of ageing (or first step in the case of the direct-aged conditions,
see Section 4.4), the responses of all heat treatment conditions were evaluated via elevated-
temperature (70◦C) monotonic compression loading and DSC. TEM analysis was also con-
ducted on several of these samples. The test temperature was chosen based on the DSC
results demonstrating bulk transformation to austenite in all conditions at this temperature,
such that the stress-induced martensitic transformation responses could be characterized.
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Figure 4.5: Conventional HRTEM image of AM NiTi after pre-aging at 200◦C for 12h. White
arrows used to denote Ni4Ti3 precipitates along the grain boundary, shown with the dashed
white line and labeled as GB
Mechanical testing was conducted in a cyclic, ratcheting fashion with an initial loading of
200MPa, followed by unload, and then loading to 200MPa past the previous cycle. This
methodology was utilized in part because it was unknown prior to testing where the trans-
formation stresses of the material would be located, and to observe additional effects such
as cyclic plasticity prior to failure (which was also unknown prior to testing). These results
for samples pre-aged at 200◦C for 12h, followed by 400◦C and 450◦C ageing steps at various
times are demonstrated in Figure 4.6.
Beginning with the shortest ageing time (e.g., (a)), a classic response is observed in
which the yield strength of the material and the bulk transformation stress are too similar
to observe the superelastic strain response typically associated with heat treated NiTi at the
test temperature. Compression testing this condition at an elevated temperature requires
substantial stress to be produced prior to bulk transformation, such that dislocations are
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Figure 4.6: Comparison between cyclic elevated temperature compression response and DSC for samples heat treated at 200◦C
12h + 400◦C for (a) 0.5h, (b) 1h, (c) 3h, (d) 4h, (e) 6h, (f) 12h, (g) 18h, (h) 24h, and (i) 30h. Solid and dashed vertical lines
on DSC curves represent mechanical test temperature (70◦C) and TEM chamber temperature (25◦C) respectively.
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generated. Cyclic plasticity in this case is observed more clearly. Subtle transformation
and recovery is observed even in this under-aged condition, with an apparent bulk forward
transformation stress near 950MPa, with reverse transformation stress near 700MPa. As
the ageing time is increased, the forward transformation stresses drop with an average of 64
MPa/hr for the first 5.5 hours, followed by a relative stagnation from 12-30 hours. In the
peak-age condition, the observed strain recovery appears to stabilize as a result of precipitate
strengthening. This drop in transformation stresses and reduction in plastic strain accumu-
lation is indicative of precipitate coarsening as a result of the extended heat treatments,
the extent of which was characterized through TEM. The drop in transformation stress is
attributed to a net reduction in bulk nickel composition which is known to raise the trans-
formation temperature, which is clearly seen in the DSC responses. These transformation
stresses are tabulated in Figure 4.11 (a).
Microstructurally, this behavior is indicative of continuous precipitate coarsening which
remains largely coherent for the first 5.5 hours, while further coarsening results in localized
incoherency. For a response which minimizes plastic deformation while maximizing transfor-
mation strain, the material must be strong enough to resist dislocation generation (which is
typically achieved through precipitate strengthening). In addition, there must be sufficient
quantities of B2 initially which can undergo stress-induced transformation, and there must be
an environment where this strain can be carried to untransformed regions without exceeding
the local yield stress. This requires a balance between precipitate size, shape, distribution,
and local chemistry all of which is affected during ageing. As ageing time is increased past
the peak age condition in (d), more and more precipitates which previously were able to
capture and transmit strain instead become nucleation sites for dislocations which are detri-
mental to functional performance. For this reason, despite more bulk transformation strain
occurring in the longer-aged conditions of 18h (g) and 24h (h), cyclic plasticity is observed as
the transformation stress drops sufficiently for more matrix to transform on loading, at the
expense of precipitate coherency and matrix strength. For these responses which plasticity
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was observed, it is possible that reducing the test temperature (while maintaining above
Af ) could result in bulk transformation prior to cyclic plastic strain accumulation. It is
clear, however, that at extended ageing time microstructural and chemical changes develop
creating an unfavorable environment for functional performance.
4.3.2 Microstructure characterization
Using TEM, several cases were evaluated in the under (30m), near-peak (3h), and over-
aged (24h) conditions for the two step 200◦C 12h + 400◦C heat treatments. In the underaged
condition, presence of both R-phase and intergranular Ni4Ti3 nanoprecipitates was confirmed
and is demonstrated in Figure 4.7.
Figure 4.7: (a) Conventional BF-TEM image of AM NiTi after pre-aging at 200◦C for 12h
and ageing at 400◦C for 30m. Corresponding SAED along [111] zone axis is shown on the
lower left inset. (b) HRTEM micrograph along [111] zone axis of same condition as (a).
Corresponding FFT of regions (c) and (d) shown on adjacent right images.
Figure 4.7 (a) shows a representative BF-TEM image of the underaged (30m) condition,
in which a sparse dislocation structure is observed with no large precipitates identified. It
is possible that some aspects of the strain contrast in the image correspond to nanoprecipi-
tation structures, but this cannot be definitively concluded from the BF-TEM image alone.
The corresponding selected area electron diffraction pattern (SAED) from the [111]B2 zone
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axis (lower left inset in Figure 4.7 (a)) confirms the hypothesis of nanoprecipitation, as the
characteristic superreflections of Ni4Ti3 precipitates along the 1/7 < 321 > directions are
clearly demonstrated in two variants. Figure 4.7 (b) shows a representative HRTEM image
which clearly demonstrates relatively homogeneously distributed Ni4Ti3 plate-like nanopre-
cipitates in the size range of 11 ± 2nm with an interparticle distance of 16 ± 3nm, where
the characteristic superreflections are verified in Figure 4.7 (c). Similar precipitation struc-
tures were observed in all HRTEM images, unlike the clustering observed in the pre-aged
condition. Precipitate morphology variations were not detectable for this condition using
these TEM techniques, and variance in the volume fractions throughout the sample are not
expected. Unless explicitly stated otherwise, this remains true for all following heat treat-
ment conditions examined. Based on the statistics calculated for the PA condition alone,
a near 30% increase in precipitate size was observed as well as a 30% decrease in interpar-
ticle distance. Based on this it can reasonably be determined that precipitate coarsening
primarily took place on ones nucleated in the initial pre-age step, rather than nucleation of
new precipitates. In addition, two R-phase variants are present which appear to nucleate
in between the nanoprecipitates. Based on the DSC results the sample would be mostly
B2 austenite at the TEM chamber temperature, so it is possible local stresses and chemical
changes near the precipitate boundaries could be driving R-phase nucleation.
Figure 4.8 (a) demonstrates conventional dark field TEM (DF-TEM) and HRTEM mi-
crographs for the near-peak age condition of 200◦C 12h + 400◦C 3h. Similar strain contrast
is identified in the DF-TEM image, which could be a result of several factors (including
Ni4Ti3 precipitation), although dislocation structures were not observed. The corresponding
selected area electron diffraction (SAED) pattern from the [001]B2 zone axis (lower left inset
in Figure 4.8 (a)) cannot be used to verify precipitate coarsening relative to the previous
condition, as there are limited variants of Ni4Ti3 which can produce unique superreflections
resolved along this zone axis, none of which were apparent. No large lens or plate-shaped
precipitates were observed in the DF-TEM. The presence of R-phase, however, can be ver-
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ified through the SAED pattern in the form of two variants with characteristic 1/3<110>
superreflections shown in the inset of Figure 4.8 (a). Figure 4.8 (b) shows a representative
HRTEM image which verifies the existence of multiple R-phase variants. The local distortion
in contrast observed in the HRTEM image may result from the existence of local strain fields
resulting from Ni-clustering, although the zone axis along which the sample was imaged lim-
its further verification. While nanoprecipitation was not identified directly in this condition,
based on the progression demonstrated in the thermomechanical responses (see Figure 4.6)
and the results of the microstructural characterization in the overaged (24h) condition it is
expected that dense nanoprecipitation does exist and could be clearly identified along the
[111]B2 zone axis.
Figure 4.8: (a) Conventional DF-TEM image of AM NiTi after pre-aging at 200◦C for 12h
and ageing at 400◦C for 3h. Corresponding SAED along [001]B2 zone axis is shown on the
lower left inset. (b) HRTEM micrograph along [001]R zone axis of same condition as (a).
Figure 4.9 (a) shows a representative BF-TEM image of the overaged condition of 200◦C
12h + 400◦C 24h. Large intergranular homogeneously distributed lens shaped precipitates
can clearly be identified, as denoted by the white arrows. The average length and width of
these precipitates was estimated to be 46 ± 12nm and 14 ± 3nm respectively, with an inter-
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particle distance of 58 ± 35nm. This corresponds to a roughly 600% increase in precipitate
size compared to the pre-age condition alone, despite a near 300% increase in interparticle
distance. Statistically, this suggests that in addition to large amounts of precipitate coars-
ening, it is likely that growth is accompanied by combination of adjacent precipitates as the
coarsening size exceeds the interparticle distance. The corresponding selected area electron
diffraction (SAED) pattern from the [001]B2 zone axis (lower left inset in Figure 4.9 (a)) can
be used to verify the presence of Ni4Ti3 precipitates, with the characteristic superreflections
for multiple precipitate variants present [133]. In high-resolution TEM shown in Figure 4.9
(b), both large precipitate structures and small R-phase regions can be seen, which were con-
firmed using FFT’s of each region, shown in (c) and (d) in the upper right inset of Figure 4.9
(b) respectively.
Figure 4.9: (a) Conventional BF-TEM image of AM NiTi after pre-aging at 200◦C for 12h and
ageing at 400◦C for 24h, with Ni4Ti3 precipitates marked by white arrows. Corresponding
SAED along [001]B2 zone axis is shown on the lower left inset. (b) HR-TEM image of the
same sample with regions of Ni4Ti3 precipitation and R-phase marked by (c) and (d).
Increasing the second-step ageing temperature 50 degrees produces changes in the ther-
momechanical response compared to the 400◦C case, as demonstrated in Figure 4.10. It is
expected that more activation energy results in more rapid precipitate coarsening, which
appears especially pronounced in the first three hours of ageing. At 0.5 hours, the load-
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ing transformation stress exceeds 900MPa, which is sufficiently high that large amounts of
plastic strain are accumulated through cyclic loading with minimal recovery. This forward
stress-induced transformation stress decreases at a similar rate initially to the 400C case for
the first 10 hours (roughly 50MPa/hr), but does not stagnate with extended ageing time
as was seen in the 400C case. Following 3 hours of ageing time it is apparent that initial
transformation stresses begin to reduce dramatically with a gradual transformation response.
This behavior is atypical of Ni-Rich NiTi, and to date has not been thoroughly investigated.
Microstructurally, this sort of transformation behavior is indicative of a large variance in
local phases which would cause the sort of stress distributions to continuously transform cer-
tain ’pockets’ of B2 matrix while incurring plastic deformation in other transformed regions
of martensite. For a more characteristic ’flat’ plateau response (such is observed in Fig-
ure 4.10 (c)), bulk transformation of the matrix occurs more immediately as critical stress
is uniformly distributed throughout. For the ’linear’ responses observed in (d), (e), and
(f), it appears that some combination of precipitate coarsening, secondary phase formation,
and chemical changes result in an environment where strain is localized, resulting in the
combined continuous transformation and cyclic plasticity. The forward and reverse trans-
formation stresses (denoted as upper and lower plateau stresses respectively) are tabulated
for each heat treatment condition in Figure 4.11, and the transformation peak temperatures
are tabulated in Figure 4.12. Note that peaks which could not be resolved via DSC are
unreported for some cases.
Increasing the second step ageing temperature again by 50 degrees (e.g., at 200◦C 12h
+ 500◦C 30m) produces changes in the microstructure compared to the similar duration
400◦C case. Based on the continued coarsening of large lens-shaped precipitates which was
observed for the longer duration 400◦C, it is expected that similar behavior would be observed
at a higher temperature for a shorter duration. This is identified through conventional BF-
TEM and HRTEM analysis demonstrated in Figure 4.13. In this case, large lens-shaped
intergranular homogeneous precipitates are observed in the BF-TEM in image (a), along with
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Figure 4.10: Comparison between cyclic elevated temperature compression response and DSC for samples heat treated at 200◦C
12h + 450◦C for (a) 0.5h, (b) 1h, (c) 3h, (d) 6h, (e) 12h, and (f) 24h. Solid and dashed vertical lines on DSC curves represent
mechanical test temperature (70◦C) and TEM chamber temperature (25◦C) respectively.
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Figure 4.11: Transformation stresses as a function of ageing time for two-step heat treatments
pre-aged at 200◦C for 12h and subsequently at 400◦C and 450◦C for various times.
very long lens shaped heterogeneous precipitates along the grain boundary. Intergranular
precipitates in this condition measured an average of 68 ± 18nm in length, and 18 ± 5nm in
width with an average interparticle distance of 30 ± 10nm. This corresponds to nearly an
850% increase in precipitate size relative to the pre-age condition alone, despite only a 150%
increase in interparticle distance. This is one major difference in the results of an extended
lower-temperature ageing treatment compared to a high temperature short duration one, as
it appears higher temperatures can either promote nucleation of new precipitates or suppress
combination of existing ones such that the interparticle distance is minimized. Despite this
change, it is worth noting that the precipitate size differences between the two are within a
standard deviation of each other, and these standard deviations are quite high (30-40% of
the average precipitate size), so further analysis would be required to definitively conclude
the hypothesis. Heterogeneous precipitate statistical information could not be gathered
from the BF-TEM images alone as the strain contrast generally accepted for the precipitate
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Figure 4.12: Transformation peak temperatures as a function of ageing time for two-step
heat treatments pre-aged at 200◦C for 12h and subsequently at 400◦C and 450◦C for various
times.
boundaries was unclear.
It is clear that extended pre-ageing of AM NiTi produces homogeneous distributions of
nanoprecipitates, although a 200◦C 12h condition still provides enough activation energy
to nucleate heterogeneous precipitates along grain boundaries. While thermomechanical
performance in this condition is pervaded by large transformation stresses and a weak matrix
that cannot transmit local stresses without incurring plastic deformation, it is also clear that
following the pre-age step with a higher-temperature shorter duration annealing treatment
can coarsen the homogeneously nucleated precipitates to produce functional superelasticity
with strengths upward of 2GPa in compression and recoverable strain in the range of 5-7%,
for an elevated test temperature of 70◦C. For the cases of 400◦C and 450◦C, the secondary
step peak-age condition appears to occur near 4h and 3h respectively. With similar responses
between the two cases it can be concluded that precipitate strengthening largely contributed
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Figure 4.13: (a) Conventional BF-TEM image of AM NiTi after pre-aging at 200◦C for
12h and ageing at 500◦C for 30m, with Ni4Ti3 precipitates marked by white arrows. Grain
boundary is marked by dashed white line and adjacent text ’GB’. Corresponding SAED along
[001]B2 zone axis is shown on the lower left inset. (b) HRTEM micrograph along [001]R zone
axis of same condition as (a).
to the functional response, with apparent optimal homogeneous precipitate size between
12-57nm and interparticle distance between 16-43 nm. These statistics are demonstrated
comprehensively in Figure 4.21. It is apparent that at extended ageing times (>30h for 400◦C
and >6h for 450◦C), a combination of precipitate coarsening and matrix chemical changes
produce continuous martensitic transformation. Further analysis is required to determine
whether this behavior is possible without incurring substantial plastic deformation as was
found in this study, although the response could be very useful in certain applications as the
’linear’ behavior continues up to the ultimate strength of the material (>2GPa).
4.4 Direct-ageing heat treatment effects
Further analysis was conducted to determine whether the mechanical responses observed
are specific to pre-age conditions or if similar results could be achieved through a Direct
Ageing (DA) step alone. Similar duration heat treatments were conducted as in the cases
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with pre-ageing, although the temperature range was expanded to include the 600◦C regime.
Demonstrated in Figure 4.14 is the elevated temperature compression data for DA 400◦C
heat treatments from 0.5-24h and the DSC responses. Largely the relationship between
ageing time and transformation stresses/temperatures is similar to what was observed in the
cases with a pre-ageing step. Beginning with the shortest ageing time of 30m (a), a forward
transformation stress of less than 1100MPa is observed along with substantial cyclic plasticity
with total unrecovered strains exceeding 10% by the last cycle, with strength near 2GPa. As
ageing time increases, the transformation stresses drop by roughly 73GPa per hour, which
is nearly 10% faster than in the case of two-step heat treatment. This is expected, and a
testament to the appreciable difference in activation energy between 200◦C 12h and 400◦C
for a duration of time as short as 30m. While the mechanical test data alone does not
necessarily provide insight to whether homogeneous precipitation resulted from the direct
age, it is clear that cyclic plasticity is minimized in a slightly longer duration compared to
the pre-age (two-step) variation, with the peak-age appearing to occur near 4h. Following
the peak age condition, characteristic overcoarsening effects on mechanical performance are
observed as plateau stresses continue to drop with the loss in precipitate coherency. As the
response in the extended ageing time (e.g., <24h) is similar to that of the case with pre-
ageing, it is expected that longer durations or higher annealing temperatures could result in
similar continuous transformation which is partially observed in the 24 and 30h durations
of the 200◦C 12h + 400◦C 24h and 30h samples, along with the conditions past 6h in the
case of a 450◦C secondary step. Based on the mechanical responses, it was expected that
microstructural observations would be similar with and without a pre-age step.
Further insight to the microstructural differences between the pre-age and direct-age con-
ditions was determined via conventional BF-TEM and HRTEM, which is demonstrated for
the 400◦C 30m condition in Figure 4.15. In Figure 4.15 (a), a representative BF-TEM image
of the 30m (underaged) condition is shown, with a sparse dislocation structure similar to
the case with pre-ageing. No large precipitates were identified in the BF-TEM images. A
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Figure 4.14: Comparison between cyclic elevated temperature compression response and DSC for samples heat treated at 400◦C
for (a) 0.5h, (b) 1h, (c) 3h, (d) 4h, (e) 6h, (f) 8h, (g) 12h, and (h) 24h. Solid and dashed vertical lines on DSC curves represent
mechanical test temperature (70◦C) and TEM chamber temperature (25◦C) respectively.
108
grain boundary is clearly observed, with no evidence of large heterogeneous precipitation
structures. It is possible that nanoprecipitation could be observed based on the strain con-
trast, but this cannot be concluded from the BF-TEM image alone. A corresponding SAED
pattern from the [111]B2 zone axis (lower left inset in Figure 4.15 (a)) demonstrates clearly
characteristic 1/7 < 321 > superreflections in two variants indicative of Ni4Ti3 precipitation
structures. These superreflections are visibly less intense than in the case of pre-ageing, po-
tentially due to quality of the TEM sample or less precipitation overall. Additionally, three
variants of 1/3 < 110 > reflections indicative of R-phase are seen clearly, denoted by small
white arrows. In Figure 4.15 (b), a representative HRTEM image is shown which clearly
demonstrates homogeneous Ni4Ti3 plate-like nanoprecipitates with size 6 ± 1nm and inter-
particle distance 24 ± 2nm, with FFT showing superreflections in Figure 4.15 (c). Similar
homogeneous precipitation structures were observed in all of the HRTEM samples, unlike
the clustering which was observed in the single step pre-age condition. Compared to the
200◦C 12h + 400◦C 30m condition, a near 50% precipitate size decrease was observed with a
60% increase in interparticle distance. This is unsurprising based on the increased transfor-
mation stress observed in the thermomechanical response, and suggests that coarsening of
these nanoprecipitation structures can be achieved without the pre-age step. Three R-phase
variants were observed in the HRTEM sample, demonstrated in Figure 4.15 (d), (e), and
(f). Similarly to the case with pre-ageing, the transformation temperature observed in the
sample suggests a mostly B2 austenite structure at the TEM chamber temperature, although
remnants of R-phase could be remaining from the cryogenic electropolishing step preceding,
or have nucleated due to local stresses from the precipitate growth.
With a 50 degree increase in direct age temperature (e.g., to 450◦C), the effects of precipi-
tate coarsening are observed as plateau stresses drop much more quickly, and the continuous
martensitic transformation behavior is further observed as ageing time is increased past
3h. This is demonstrated in Figure 4.16. Possibly the most substantial deviation between
the responses exhibited between the pre-age and direct age conditions is identified in the
109
Figure 4.15: (a) Conventional BF-TEM image of AM NiTi after ageing at 400◦C for 30m.
Corresponding SAED along [111] zone axis is shown on the lower left inset. Grain boundary
denoted by dashed white line and adjacent GB. (b) HRTEM micrograph along [111] zone
axis of same condition as (a). Corresponding FFT of regions (c), (d), (e), and (f) shown on
right.
3h condition where transformation stresses in the direct age condition appear to be halved
compared to the case with pre-ageing, despite demonstrating nearly identical transformation
temperatures in the DSC response. Following 3h, the responses are very similar between the
two cases with transformation stresses less than 400MPa. This discrepancy in the responses
at 3h could be the result of several factors, including additional precipitate nucleation and
coarsening effects on coherency strains, but is purely speculative without microstructural
characterization via TEM. Given that heterogeneous precipitation was not observed in the
direct-age heat treatments, it is possible that at some critical size heterogeneous precipita-
tion coherency can result in strengthening which results in more uniform transformation.
However, this appears to be unique to the 450◦C condition and could just as likely be a
result of loading state differences due to geometric inequalities between the test samples.
Increasing the direct-age temperature further results in similar effects as what was ob-
served in the pre-age conditions, with pronounced overageing effects seen when the tempera-
ture is increased to 600◦C. These effects are demonstrated via thermomechanical compression
and DSC analysis in Figure 4.18. For these high-temperature direct-age heat treatments, all
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Figure 4.16: Comparison between cyclic elevated temperature compression response and DSC for samples heat treated at 450◦C
for (a) 0.5h, (b) 1h, (c) 3h, (d) 6h, (e) 12h, and (f) 24h. Solid and dashed vertical lines on DSC curves represent mechanical
test temperature (70◦C) and TEM chamber temperature (25◦C) respectively.
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conditions demonstrated substantial cyclic plastic deformation, particularly at longer ageing
times. For the 500◦C condition, going from 1h (c) to 5h (d) results in an unexpected increase
in plateau stress which is attributed to a combination of precipitate coherency changes with
coarsening, in addition to loading effects. The capability of the overaged samples to accom-
modate more cyclic plastic strain before failure is expected and attributed to a combination
of ductility increase as nickel is depleted from the matrix regions to form Ni4Ti3, in addition
to strength decrease with coherency loss as the precipitates increase in size. Even in a higher
temperature direct-age condition, the precipitation structures observed via TEM are similar
to what was observed in the case of pre-ageing. This is demonstrated for a 500◦C 30m direct
age condition in Figure 4.17.
Figure 4.17: (a) Conventional BF-TEM image of AM NiTi after ageing at 500◦C for 30m.
Corresponding SAED along [111] zone axis is shown on the lower left inset. Ni4Ti3 pre-
cipitates indicated by white arrows. (b) HRTEM micrograph along [111] zone axis of same
condition as (a). Corresponding FFT of regions (c) and (d) shown in adjacent right images.
For all direct-aged heat treatment conditions, the transformation stresses as a function
of ageing time are shown in Figure 4.19, with peak transformation temperatures reported
in Figure 4.20. The trend of precipitate coarsening and transformation stress decrease are
seen clearly. The lowest transformation stresses achieved appeared to occur in the 450◦C
condition. As ageing temperature was increased past 450◦C, the lowest possible transfor-
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Figure 4.18: Comparison between cyclic elevated temperature compression response and DSC for samples heat treated at 500◦C
for (a) 5m (0.08h), (b) 0.5h, (c) 1h, (d) 5h and 600◦C for (e) 5m (0.08h), (f) 0.5h, (g) 1h, and (h) 5h. Solid and dashed vertical
lines on DSC curves represent mechanical test temperature (70◦C) and TEM chamber temperature (25◦C) respectively.
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mation stress for each heat treatment condition increased by over 400MPa going from the
450◦C to 600◦C heat treatment. The most functional mechanical response in the direct-age
heat treatments appeared to occur at 400◦C between 4 and 6 hours, similarly to the case
with pre-ageing. Precipitate size and interparticle distance statistics are tabulated in Fig-
ure 4.21. Errors for these measurements were calculated based on the standard deviation of
all measurements taken across BF-TEM and HRTEM images. Generally similar heat treat-
ment conditions with and without a pre-ageing step produce similar precipitate sizes (within
the standard deviation for each measurement), with slightly decreased average precipitate
size and increased interparticle distance without the pre-age step. This is attributed to the
reduction in activation energy and the resulting coarsening observed is expected. Heteroge-
neous precipitates formed along sample grain boundaries were measured for the two cases
where it was observed (200◦C 12h and 200◦C 12h + 400◦C 24h), and these measurements
are reported in Table 4.2.
Figure 4.19: Transformation stresses as a function of ageing time for single-step heat treat-
ments aged at (a) 400◦C, (b) 450◦C, (c) 500◦C, and (d) 600◦C for various times.
4.5 Geometry and loading effects on heat treatment response
To compare the loading and geometry effects of post-process heat treatments on ther-
momechanical response, several heat treatment conditions which produced functional cyclic
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Figure 4.20: Transformation peak temperatures as a function of ageing time for single-step
heat treatments aged at (a) 400◦C, (b) 450◦C, (c) 500◦C, and (d) 600◦C for various times.
Table 4.2: Heterogeneous precipitation statistics.
Condition 200◦C 12h (PA) 200◦C 12h + 400◦C 24h
Precipitate length (nm) 22 ± 4 45 ± 21
Precipitate width (nm) 12 ± 1 22 ± 6
Interparticle distance (nm) 34 ± 11 73 ± 36
compressive responses were applied to tensile geometries and similarly loaded monotoni-
cally at an elevated test temperature of 70◦C. The strength of these samples ranged from
100-900MPa with elongation at failure up to 3.25%. At the elevated test temperature the
strength of the material was too low to produce stress-induced transformation, which is at-
tributed to surface generated microcracking which was not resolved via optical microscopy.
This response was not unexpected, as prior efforts to produce NiTi with superelastic ten-
sile responses have resulted in similar strength and elongation values despite beginning at
lower Nickel composition [92, 96, 99, 122, 134–142]. The strength and elongation at fail-
ure for tensile samples subjected to single and two step heat treatments is demonstrated in
Figure 4.22.
4.5.1 Post-processing (heat treatments) for AM Ni51.5Ti48.5 summary
In this work, an extensive study was conducted to determine the influence of post-process
heat treatments on the thermomechanical response of Ni51.5Ti48.5. The effects of direct aged
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Figure 4.21: Precipitate size and interparticle distance for different heat treatment condi-
tions. Note that the solid line and error bar denote the precipitate size statistics while the
dashed line and error bar denote the interparticle distance statistics.
heat treatments were evaluated for temperatures ranging from 400◦C-600◦C with ageing
time ranging from 30m to 30h. Similarly, the effects of two-step heat treatments were
evaluated where ageing was preceded with a 200◦C 12h pre-age. Generally it was found
that these heat treatments can be used to precipitate strengthen as-built parts and produce
cyclic compression superelasticity with minimal incurred cyclic plastic deformation. Optimal
response via compressive testing was found near the 200◦C 12h + 400◦C 4h condition, marked
by precipitate size and interparticle distance between 12-57nm and 16-72nm respectively.
Given that there were no inherent differences in the precipitate structures observed for the
different heat treatments, it is possible that similar strengthening could be observed for
different time intervals, or that a different test temperature could favor a different condition.
Geometric intolerance for some samples appears to have contributed to some of the plastic
deformation observed, although generally the trend for under to over and peak age conditions
is clear for each condition in Figure 4.6, Figure 4.10, Figure 4.14, Figure 4.16, Figure 4.18.
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Figure 4.22: Strength vs. elongation at failure for AM NiTi compared to values reported in literature, along with the expected
minimum stress range where cyclic tensile superelasticity could be observed in Ni50Ti50 to Ni51.5Ti48.5.
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CHAPTER 5
CONCLUSIONS AND FUTURE WORK
5.1 Process Parameters to produce AM NiTi
For Ni51.5Ti48.5, the processability space where defect-minimal parts can be produced
was demonstrated to be narrower than Ni50.8Ti49.2, and other alloy systems investigated
up to this point. While several groups have reported defect-free parts for these lower-Ni
compositions at low laser power and low energy density, it appears that these combinations
of process parameters produce greater residual stress which introduces dislocations in the
material that lead to cracking through repetitive thermal cycling if the layer time per part
is low. In addition to thermal property changes which may contribute to the solidification
dynamics, more Ni-rich alloy systems which by nature are more brittle due to the higher
number of point defects are less susceptible to accommodating deformation, leading to the
higher crack density under previously reported ’optimal’ conditions. Mostly defect-free, high
quality parts can be produced with the right combination of processing conditions which
appears to stabilize at 250-350W with VED near 133 J/mm3 for 6mm diameter cylindrical
geometries and 5cm x 4mm parallelepipeds, when layer time is kept sufficiently low (e.g.,
below 1 second for 6mm diameter cylinders). This narrow processing space for Ni51.5Ti48.5
is unlike many commonly used AM alloy systems where examining VED alone can be used
to determine and predict defect populations, where other metrics for evaluating thermal
gradients needed to be devised. It appears that through other methods of thermal gradient
minimization (e.g., bed heating), this processing space could further be expanded. While
higher laser power and corresponding scan velocity appears to be the most effective method
for reducing layer time and accumulated residual stress, increasing these parameters also
increases the susceptibility for overmelting which can lead to build failure depending on
the part geometry. It is demonstrated that to produce larger geometries with larger cross
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sectional area and longer layer time, this VED parameter must be scaled to accommodate
the more dramatic thermal gradients. It is also demonstrated that defect populations and
thermomechanical response (via DSC) vary dramatically with different combinations for the
same VED, and it is recommended that a more comprehensive metric be devised to account
for thermal distribution changes resulting from each processing condition to move away from
the stochastic approach currently used for alloy development. Furthermore, excessive energy
input was shown to result in increased presence of secondary phase formation, which will need
to be further considered when determining relationships between energy input and geometric
scalability. Nickel vaporization is demonstrated to shift the transformation temperature by
nearly 50 degrees across the range of functional processing conditions, although more analysis
is required to determine the sensitivity of this change with each processing parameter and
how these effects are geometrically dependent. A more comprehensive VED parameter could
expedite this process. The microstructures produced in as-built parts with minimal defects
appear to result in columnar grain growth with large grains on the order of 1-10mm in length.
Sparse dislocation structures are observed via TEM in as-built optimal conditions, con-
trasted by dense dislocation structures in low VED conditions which exhibited substantial
macroscopic cracking. In low VED conditions with high dislocation density, homogeneous
Ni4Ti3 precipitation is observed in the as-built condition. In contrast, at higher (optimal)
VED, the intergranular dislocation density is not sufficient for preferential nucleation of ho-
mogeneous Ni4Ti3, and instead heterogeneous nucleation of these precipitates is preferred
along the grain boundary. It is likely that some variance in these precipitation structures
is present depending on the part geometry, layer time, and vertical location based on the
sensitivity of thermodynamics to initial part geometry and corresponding layer time. Larger
parts will necessarily contain larger thermal gradients with more local thermal cycling which
could lead to dislocation generation. For this reason, scaling input energy parameters with
geometry (or devising a more comprehensive input energy parameter) is recommended for
further development with large parts.
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Superelasticity is not observed in the thermomechanical response of as-built samples,
and cyclic compression loading at elevated temperatures produces substantial plasticity.
Given that testing for these conditions was conducted at elevated temperatures exceeding
the austenite finish temperature by 50-55 degrees it is possible more developed superelastic
response could be observed testing at a lower temperature such that the yield strength
of the material is comparably higher than the necessary stresses for bulk transformation.
Regardless, it is apparent that precipitate strengthening is required for the investigated
’optimal’ conditions to produce functional compressive superelasticity.
5.2 Post-processing parameters to achieve functional superelasticity in Nickel-
rich AM NiTi
It was demonstrated that single and two-step post-process heat treatments applied to
Ni-rich NiTi produced through additive manufacturing are capable of producing functional
superelasticity with recoverable strain in the range of 3-5% and compressive strength exceed-
ing 2GPa. The wide range of heat treatments studied was shown to shift the Martensitic
transformation temperatures over a range greater than 150 degrees, with thermal hysteresis
minimized through higher temperature ageing. Functional high-temperature cyclic com-
pressive response was achieved through nucleation and coarsening of homogeneous Ni4Ti3
nanoprecipitate distributions throughout the material. Pre-ageing at 200◦C for 12h was
used to produce homogeneously distributed Ni4Ti3 nanoprecipitates, along with regions of
nickel-clusters and minor growth of the heterogeneous Ni4Ti3 nanoprecipitates which formed
along grain boundaries during the build process. Subsequent ageing steps of 400◦C, 450◦C,
and 500◦C are shown to produce coarsening of the Ni4Ti3 nanoprecipitates, which produces
functional superelasticity early in ageing. Overageing is observed as the nanoprecipitation
structures transform to larger lens shaped precipitates, both distributed homogeneously and
along grain boundaries. These precipitates are shown to preferentially form in one variant,
likely driven by residual stress within the material.
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Very similar mechanical response and microstructural features are observed via direct-
ageing to 400◦C, 450◦C, 500◦C, and 600◦C, indicating that pre-ageing is likely unnecessary,
although further development could be made using a lower-temperature condition, or pre-
ceding with a cold-work step to induce more dense dislocation structures to act as precipitate
nucleation sites (although this approach does defeat many of the beneficial purposes of using
the AM process to begin with, as complex geometries cannot necessarily be cold-worked).
For scalability of heat treatment conditions to larger geometries, it was found that higher
energy density conditions which were necessary to alleviate thermal stress cracking promoted
formation of intermetallic Ti-rich phases which were not present in the lower energy density
(e.g., optimal for a smaller geometry) condition. While these secondary phases were not
directly shown to inhibit functional performance, generally heterogeneity is undesirable for
designing predictable heat treatment schedules. As such, further work examining the effects
of heat treatment on high VED samples may benefit from a solutionizing step preceding
pre-ageing to homogenize the microstructure. For a solutionized condition it is also possible
that pre-ageing and the associated Nickel clustering would have more inherent benefit in the
heat treatment schedule as dislocations would also be annihilated.
Continuous transformation is observed as transformation stresses decrease below 200-
300MPa, which was largely attributed to heterogeneity in the microstructure and transforma-
tion behavior during loading. Fundamentally, this response is indicative of different regions
of the material transforming at different stress-strain-temperature combinations. While pre-
cipitate distributions were not largely identified to be heterogeneous, the presence of r-phase
variants and secondary phases such as oxides can also contribute to the unequally distributed
load transfer in the polycrystal. This behavior does appear to be repeatable for extended age-
ing time, although further characterization is required to evaluate whether cyclic plasticity
can be minimized throughout bulk transformation which would largely determine usability
in a commercial application.
121
5.3 Future work and recommended developments
Ultimately, a key takeaway from this work is that while it is possible to produce NiTi
components with minimal defects in compositions up to Ni51.5Ti48.5 on commercial L-PBF
platforms, if the focus on continuation of this work is an expanded understanding of the
processing space for the production of functionally graded components a different approach
should be taken than has been for the last 10-12 years. In what should be a closed feed-
back loop of understanding from processing to production, there are gaps that exist in both
production and characterization which limit the alloy design process to a series of best-
guesses based on stochastic parameter selection. The development of the processing space
for L-PBF manufactured NiTi is critically limited by the thermal control capabilities of
commercial machines and lacking information on thermal history (e.g., in-situ monitoring
systems) currently available. The bed-heating (or powder heating) capabilities of existing
commercial platforms is currently limited to near 200oC, while the melting temperature of
Ni-rich NiTi is near 1300oC. With expanded pre-heating capabilities closer to the stress-
annealing temperature of NiTi where dislocations are annihilated, accompanied by a record
of the 3D temperature profile during the build process, a much more systematic and com-
prehensive approach could be taken to identify the relationships between geometry, machine
parameters, powder composition, and resulting performance. Additional approaches such
as elevating large parts from the build plate using thin-strutted support material or laser
induced pre-heating of powder, have been shown to be beneficial for other alloy systems in
reducing thermal-stress warping and cracking near the build plate by creating a more uni-
form cooling environment [143, 144]. It is possible this could be applied to NiTi, although
this was out of scope for the purpose of the Thesis. Additionally, this work showed that in-
creasing powder size results in a corresponding decrease of oxide/carbide impurities present.
At high VED where higher temperatures promote more secondary phase formation, it could
be beneficial for further development to take place on a machine with larger powder size
capabilities, resulting in proportionally lower impurity content. Alternatively, if the bene-
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fits of current commercial L-PBF machines are more desirable, a powder feedstock cleaning
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ADDITIONAL FINDINGS AND RESULTS
A.1 Processing conditions reported for AM NiTi in literature from 2012-2019
















































Ni 49.7 - 55.2 wt%
(Ti Bal.)
40-250 100-1250 30-60 60-120 52 - 126 Various Various Not reported [111]
Ni 50.8 at%
(Ti Bal.)

























110-120 150-350 30 50 210-533 Linear raster 25 Ti, 10 Ni Not reported [146]
55.2 wt% Ni
(Ti Bal.)
40, 250 160, 1100 Variable 75, 60 111, 126 Not reported 24 to 45 Not reported [126]
Ni 55.96 wt%
(Ti Bal.)






































A.2 All samples, geometries, and processing conditions
A.3 Additional build images
Shown below is an example of stress-cracking observed in a build with large cuboid
samples (Figure A.2)
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Figure A.1: Parameters used in heat treatment study.
A.4 Powder Cleaning Schematic
Shown below is the proposed schematic for ’cleaning’ metal powder of surface oxide
following atomization, through utilizing a synthesis gas reaction with the surface oxide (Fig-
ure A.3).
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Figure A.2: Stress cracking observed in build with large cuboid samples
Figure A.3: Powder cleaning system proposed.
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